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Ductility, i.e., uniform strain achievable in uniaxial tension,
diminishes for materials with very high yield strength. Even for
the CrCoNi medium-entropy alloy (MEA), which has a simple face-
centered cubic (FCC) structure that would bode well for high ductility,
the fine grains processed to achieve gigapascal strength exhaust the
strain hardening ability such that, after yielding, the uniform tensile
strain is as low as ∼2%. Here we purposely deploy, in this MEA, a
three-level heterogeneous grain structure (HGS) with grain sizes span-
ning the nanometer to micrometer range, imparting a high yield
strength well in excess of 1 GPa. This heterogeneity results from this
alloy’s low stacking fault energy, which facilitates corner twins in re-
crystallization and stores deformation twins and stacking faults during
tensile straining. After yielding, the elastoplastic transition through
load transfer and strain partitioning among grains of different sizes
leads to an upturn of the strain hardening rate, and, upon further
tensile straining at room temperature, corner twins evolve into nano-
grains. This dynamically reinforced HGS leads to a sustainable strain
hardening rate, a record-wide hysteresis loop in load−unload−reload
stress−strain curve and hence high back stresses, and, consequently, a
uniform tensile strain of 22%. As such, this HGS achieves, in a single-
phase FCC alloy, a strength−ductility combination that would normally
require heterogeneous microstructures such as in dual-phase steels.
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The equimolar multicomponent alloys, recently dubbed as the
medium-entropy alloys (MEAs) (1–6) and high-entropy al-

loys (HEAs) (7–25), are emerging as an interesting class of
structural materials. The single-phase CrCoNi and FeCrMnCoNi
alloys of the face-centered cubic (FCC) structure, in particular, have
exhibited a combination of high ultimate tensile strength, ductility,
and fracture toughness (1, 2, 5, 9, 10). However, their high tensile
ductility is for micrometer-grained (MG) microstructure, for which
the yield strength (σ0.2) is relatively low (below ∼400 MPa at room
temperature). When σ0.2 approaches 1 GPa, achieved, for example,
by refining the grain size, the common dilemma of strength−
ductility trade-off rears its ugly head (3, 7): The stress−strain curve
peaks immediately after yielding, exhibiting a drastic loss of duc-
tility. The crux of the problem lies in the inadequate strain
hardening, which can no longer keep up with the high flow stresses
to circumvent plastic instability [localization of strain via necking,
as predicted by the Considère criterion (26)]. This is, in fact, the
norm for conventional metals when strengthened either by re-
ducing their grain size or by cold working (27–29). For instance,
σ0.2 of a nanograined (NG) metal can be increased to many times
that of its coarse-grained (CG) counterpart. However, such
strengthening comes at the expense of strain hardening, because
the intragranular dislocation storage upon straining, a potent
mechanism for strain hardening, almost disappears (27). This is
also true in ultrafine-grained (UFG) MEAs (3). Even though
stacking faults (SF) are stored in large numbers due to the well-
known low SF energy (SFE) of these FCC HEAs/MEAs (1, 2, 8,

12), twinning became difficult in UFG grains, and, at room tem-
perature, strain hardening remained inadequate to sustain uni-
form elongation after the MEA yields at >1 GPa (3). In general,
plasticity-enhancing mechanisms in low-SFE alloys such as phase
transformation [transformation-induced plasticity (TRIP)] (10,
30–33) and twinning [twinning-induced plasticity (TWIP)] (1, 2,
34–41) all lose their potency in UFG and NG structures (34, 35,
42, 43).
Here we advocate a strategy generally applicable for single-

phase low-SFE alloys, to provide adequate strain hardening to
delay necking. The CrCoNi MEA is a good model to work with,
for setting an example for such alloys. The key idea underlying
our microstructural design is as follows. We intentionally push
for a highly heterogeneous grain structure (HGS) via partial
recrystallization annealing following conventional cold rolling of
CrCoNi (seeMaterials and Methods). This HGS, spanning NG, to
UFG, to MG, provides a >1-GPa yield strength similar to that of
uniform UFG MEA (3). However, the more impactful conse-
quence is that the HGS imparts load partitioning to promote
internal stress hardening that produces an upturn in strain
hardening rate, which is further aided by dynamically generated
twinned NGs at the grain corners and grain boundaries along
with tensile straining. These revived twins and NGs, not pre-
viously induced in large numbers at room temperature in uni-
form grains due to required high stresses, strengthen the alloy
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and provide strain hardening to enable a large uniform tensile
elongation at gigapascal flow stresses after yielding at >1 GPa.
Fig. 1A shows the high-angle grain boundaries (GBs) (HAGB,

defined as those with misorientation of ≥15°) in the CrCoNi
MEA after cold rolling and subsequent annealing at 600 °C for 1
h (see Materials and Methods), observed using electron backscatter
diffraction (EBSD) imaging with a resolution of 40 nm. The partial
recrystallization resulted in a grain structure that is characterized by
three levels of grains with obviously different sizes: MGs, UFGs,
and NGs. The MGs (white) have a mean grain size of 2.3 μm, the
intermediate UFGs (blue) range from 250 nm to 1 μm, and the
smallest NGs are less than 250 nm (mostly in red, marked in terms
of the magnitude of the Schmid factors for clear distinction from
UFGs and MGs). The mean grain size of this HGS is 330 nm. The
number percentage of UFGs is 47%, and that of NGs is 43%. In-
terestingly, almost all NGs locate at the GBs and triple junctions (TJs)
of UFGs; see an example in the close-up view in Fig. 1A, Inset. Such a
recrystallization microstructure is expected for low SFE metals.
Fig. 1B is a TEM image showing clearly a twinned NG locating at

the lower part of its parent grain, apparently nucleated at the corner
of the HAGB. Such a twinned grain is thus often called the corner
twin (44, 45). In fact, this is a well-known mechanism of discon-
tinuous nucleation for recrystallization, especially in metals of low
SFE (44, 45). There are many annealing twins in MGs (Fig. 1A), as
marked using red segments. Based on our EBSD analysis, both the
NGs and UFGs are mostly twinned grains, judged based on twin-
ning orientation relationship with their parent grains: Out of the
HAGB (blue segment) with its parent grain, a significant portion is
very often a Σ3 twin boundary (TB, the red segment). Among the
total NG or UFG grains, the percentage of twinned ones is as high
as 72% and 43%, respectively. This dominance of twin orientation
is obvious in Fig. 1C.
Fig. 2A displays the tensile engineering stress–strain (σ‒«)

curve of the HGS MEA tested at 298 K. The alloy exhibits a σ0.2
as high as ∼1,150 MPa, together with a tensile strain to failure of
over 30%. Note that the uniform elongation (Eu) is as large as 22%.
The σ‒« curve preformed at 77 K is also shown, which indicates a
simultaneous increase of σ0.2, Θ, and Eu with respect to room-
temperature values. Reproducible tests show clearly the consistent
mechanical properties (SI Appendix, Fig. S1). Fig. 2 also compares
the tensile response and strain hardening behavior with three other
types of (much more homogeneous) grain structures. The first is the
same CrCoNi MEA after high-pressure torsion and subsequent full
recrystallization annealing (3), with a mean grain size (199 nm) and
yield strength not very different from our HGS (330 nm). Fig. 2B
shows the true flow stress σf (minus σ0.2 for a close-up view) versus
true strain. The 199-nm MEA has only a ∼2% Eu (curve 1). To in-
crease Eu to 20% (to become comparable to our HGS, curve 2), ref. 3
had to increase the MEA grain size to restore strain hardening, and,
as a consequence, dropped σ0.2 by ∼330 MPa. In contrast, the HGS
shows a transient hardening at strains ranging from 4 to ∼8%, typical

of strain hardening response in the initial stage in heterogeneous
structures due to back stress hardening (46–49). Fig. 2C shows the
normalized strain hardening rate, Θ= 1=σf · ð∂σf=∂«Þ. Uniquely, the
HGS shows an upturn of Θ within the range of the transient, and,
more importantly, Θ is always higher than those of curves 1 and 2
throughout the entire tensile deformation. In contrast, the 199-nm
MEA (curve 1) plunges straight to the onset of plastic instability
predicted by the Considère criterion (Θ = 1), very early on at a
plastic strain of <∼2%. TheΘ of curve 2 also shows a monotonic drop
with strain, even though the stress level is ∼330 MPa lower (3).
Next, we compare our HGS with two uniformly grained

structures in 316L stainless steel (SS) of low SFE (50). Much like
the comparison with more-uniform grained MEAs above, here
again the SS having a σ0.2 similar to HGS shows a very low Eu
(curve 3 in Fig. 2B) and a plunging Θ (Fig. 2C), and lowering σ0.2
by ∼330 MPa only increased Eu to ∼10% (curve 4) (50), with a
monotonic decreasing Θ (Fig. 2C).
However, another comparison is made in Fig. 2, with a conven-

tionally-pure Ni, one that does not have low SFE. This Ni has a mean
grain size of 500 nm (see SI Appendix, Fig. S2 for details), not too far
away from the average in our HGS. Its yield strength is not too much
lower either (Fig. 2B). However, as seen in Fig. 2C, its strain hard-
ening rate is not sustainable (for its load/unload/reload tensile curve,
see below). All these comparisons clearly demonstrate the advantage
of HGS over those of much more homogeneous grains, regardless of
their SFE, even when at a much-lowered σ0.2. This highlights the
crucial role played by our intentionally maximized HGS.
The resultant strength−ductility combination (σ0.2 and Eu) is dis-

played in another format in Fig. 2D. First, comparing our HGS (red
solid line) with the more uniform grained MEA (3) (dashed black
line), Eu is much increased at any given σ0.2. In fact, the higher the
σ0.2, the larger the relative increase in Eu (this difference is high-
lighted in Fig. 2D, Inset). This advantage of HGS is especially pro-
nounced at high strengths toward 1 GPa. The second point to note in
Fig. 2D is that, although previous reports attempted to use phase
transformation (10) or a combination of phase transformation and
deformation twinning (51) to evade the trade-off between σ0.2 and
Eu, they offer high Eu usually at low σ0.2 (<∼400 MPa). More de-
tailed comparisons are made in SI Appendix, Fig. S3.
The loading−unloading−reloading (LUR) tensile tests were

conducted to unveil the underlying strain hardening mechanism and
defect behaviors (Fig. 3A). Each LUR curve exhibits a hysteresis
loop (Fig. 3B). Of special note is that the reverse (compressive)
plastic flow sets in (at 0.2% offset strain) upon elastic unloading,
even though the applied stress is still in tension (Fig. 3B). This is
an unambiguous sign that unequivocally demonstrates the genera-
tion of high internal back stresses (47–49, 52). Several hysteresis
loops in other metals (47, 53) known for strong back stress hard-
ening are also included in the plot, for comparison. We have also
made comparisons with two homogeneous microstructures. One is
UFG Ni prepared via equal channel angular pressing followed by

Fig. 1. HGS in CrCoNi MEA. (A) EBSD grain boundary image showing three grades of grain size: MG (white), micrometer-sized grains; UFG (light blue),
ultrafine grains with submicron grain sizes; and NGs (red), nanograins with grain sizes below 250 nm. NGs are colored based on the magnitude of the Schmid
factor (see scale bar). (Inset) Close-up of a twinned NG (indicated by an arrow) nucleated at the TJ of UFGs. (B) TEM image showing a twinned NG at the lower
part of a UFG. (Upper Inset) The entire UFG in (011) zone axis. (Lower Inset) Selected area electron diffraction pattern showing twin orientation relationship
between the nanograin and parent UFG. (C) Distribution of grain boundary orientation for both UFGs and NGs in A. This HGS was produced via partial
recrystallization annealing at 600 °C for 1 h following cold rolling of CrCoNi MEA to 95% thickness reduction.
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annealing, as a representative of conventional alloys with uniform
small grain size. The other is the CG CrCoNi MEA after re-
crystallization annealing at 1,150 °C for 1 h (see details in SI Ap-
pendix, Fig. S4). Obviously, the width of hysteresis loop in both
cases is nowhere close to our HGS (see SI Appendix, Figs. S2F and
S4D). The larger the loop width (characterized by residual plastic
strain, «rp, following elastic unloading), the stronger the back stress
hardening (47, 52). In fact, the loop widths in the HGS MEA, as
plotted in Fig. 3B, Inset, are by far the largest ever for any known
alloy. Such actual experimental evidence is not available in the
literature on HGSs, such as refs. 54–56, where it was only argued
that such behavior may be possible. More directly, we observe that
the increase in internal back stresses (see SI Appendix, Fig. S5 for
the method of back stress calculations) is the decisive contributor
to flow stress after yielding (Fig. 3C), accounting for over 80% of
the total stress elevation observed during strain hardening, from
yield stress to ultimate tensile stress. We thus conclude that back
stress hardening takes a leading role in strain hardening accom-
panying the tensile elongation. The microstructural origin of the
large back stress is the dynamically reinforced heterogeneous
structure, to be further elaborated below.
The HGS MEA is, in fact, further refined and reinforced throughout

the tensile deformation. To see this, we note that the number
density of NGs (ρNG, grains per square micrometer) signifi-
cantly increases from 4.7 grains per square micrometer (before
tensile test in Fig. 1A) to 21 grains per square micrometer (after
test at 298 K in Fig. 4A), and up to 31 grains per square mi-
crometer (at 77 K in Fig. 4B) by statistical analysis of EBSD
observations. The evolution of ρNG with tensile strain is further
shown in Fig. 4C. The corresponding area fraction of NGs rises
from 2.0% (before), to 5.5% (298 K), and to 8.0% (77 K).
Correspondingly, the average grain size of NGs decreases from
180 nm (before) to 144 nm (tested at 298 K), and further down to

140 nm (77 K), as seen in Fig. 4C. This clearly indicates the dynamic
generation of smaller NGs during tensile deformation. EBSD
statistical analysis indicates that the areas of UFGs and MGs
decrease, with their number densities largely unchanged, as they
provide the locations where NGs form.
The NGs show several interesting features. First, almost all NGs

nucleate at the GBs where stresses are higher especially at GBs of
UFGs (Fig. 4 A and B, Insets). Second, in terms of statistical
EBSD analysis as shown in Fig. 4C, ρ of corner twins (with 60 °C
misorientation in Fig. 4D) increases from 3.4 grains per square
micrometer (before) to 8.0 grains per square micrometer (298 K)
and up to 13.6 grains per square micrometer (77 K), respectively,
although the TBs evolve with tensile straining and gradually lose
the Σ3 character as more and more SFs form inside the twinned
grains (42). Third, ρNG begins to increase at a strain of 5% during
tensile deformation at 298 K, consistent with that where the up-
turn of Θ occurs (Fig. 2C). Namely, the generation of NGs cor-
responds to the upturn of Θ. This is because stresses are high at
HAGBs of UFGs as a result of load partitioning during tensile
straining, facilitating the evolution from Σ3 twin boundaries to
HAGBs. With further increased strains, both the corner twins and
NGs increase their ρ in the later stage of tensile strains (Fig. 4C).
In other words, the larger (MG) grains would carry more and
more plastic strain as tensile deformation continues. At larger
tensile strains, stress partitioning toward UFGs has increased the
driving stress to sufficiently high levels for twin nucleation at the
GBs of UFGs. New twinned NGs are therefore generated,
through the emission of twinning partial dislocations (42) at these
high-stress GB sites, increasing quickly with strain (Fig. 4D).
The GBs of these NGs are effective high-angle barriers that im-
pede the slip of dislocations. This refinement also makes the grain
structure even more heterogeneous, perpetuating back stress
hardening during subsequent deformation.

Fig. 2. Strain hardening and strength−ductility combination in HGS. (A) Tensile engineering σ‒« curve of HGS CrCoNi MEA at both 298 and 77 K after cold
rolling and recrystallization annealing at 873 K. (B) Flow true stress (minus σ0.2) versus true strain curves. Note the presence of a transient hardening stage
between the two inflection points (marked by ×) in the HGS curve. Five curves for much more homogenous grained structures are shown for comparison.
Curves 1 and 2: 199-nm and 286-nm CrCoNi MEA (910 and 775 MPa) (3). Number in bracket: σ0.2 (similarly hereinafter). Curves 3 and 4: 316 L SS (975 and
785 MPa, respectively) (50). Curve 5: UFG Ni (775 MPa) (see SI Appendix, Fig. S2 for details). (C ) Normalized strain hardening rate (Θ) versus true strain
curves. Note the upturn of Θ between two inflection points (×) in HGS MEA. (D) Combination of yield strength (σ0.2) and uniform elongation (Eu), in
comparison with previous single-phase FCC MEAs and HEAs. Note the curvature of the σ0.2−Eu relationship (red), which has a slope considerably higher
than normally found. (Inset) The higher σ0.2, the higher the advantage in increased Eu.
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The dynamic generation of NGs in our HGS is further confirmed
by TEM observations. SI Appendix, Fig. S6 shows clearly that the
NGs indeed form during tensile straining, by monitoring and com-
paring the microstructural evolution after the cold rolling, recrystal-
lization annealing, and tensile deformation. After tensile deformation,
an original grain is often subdivided, due to the formation of NGs
along the GB (Fig. 4E). SFs are also visible in most grains (Fig. 4E,
Inset). Fig. 4F shows several smaller NGs (green) that form at the
GB of a parent UFG (yellow) during tensile deformation. They
show twinning relationship with respect to the parent grain. Note
here that it is the partially recrystallized HGS, in lieu of uniform-sized
grains, that allows the new (twinned) NGs to emerge in large numbers
on the fly, with associated strain hardening. A fully recrystallized grain
structure would primarily store SFs, and would not be as conducive
to load partitioning and dynamic nucleation of many (twinned)
NGs at GBs and TJs via dynamic recrystallization. Also note that

the high efficacy of dynamic refinement is also due to the low SFE,
which facilitates the formation of corner and necklace twins that
evolve into new NGs.
We next explain the evolution of Θ during tensile deformation,

from the standpoint of the beneficial effect of the HGS on in-
stigating the high internal back stress. Compared with uniform
grains, the HGS adds an advantage in that plastic deformation is
nonhomogeneous due to the inhomogeneous microstructure, in-
ducing strain gradient and large internal stresses (46, 57–59). In
contrast to the typical monotonic drop in Θ in the uniformly grained
structures (curves 1 to 5 in Fig. 2C), the decreasing Θ of the HGS
shows an upturn, typical of discontinuous yielding in elastoplastic
transition, which, in the HGS, encompasses “grain to grain yield-
ing”: Upon tensile straining, the softer grains begin to yield first.
Due to the constraints by the still-elastic small grains, dislocations
in larger grains are piled up and blocked at grain boundaries. The

Fig. 3. Extraordinary back stress hardening in HGS. (A) Tensile true stress−true strain curves during LUR tests at 298 and 77 K. (B) Hysteresis loops at the
maximum uniform strain. Note inverse (compressive) yielding at 0.2% offset strain following elastic unloading even when the applied stress state is tensile.
Hysteresis loops from other representative materials (47, 53) are also included for comparison. Also see comparison with narrow loops observed for both the
UFG Ni in SI Appendix, Fig. S2F and coarse-grained CrCoNi MEA in SI Appendix, Fig. S4E. Inset shows the reverse plastic strain (erp) versus applied strain. (C)
Comparison of back stress hardening with the total strain hardening (measured flow stress minus that at yielding) in HGS MEA tested at 298 and 77 K.

Fig. 4. Dynamic generation of nanograins at GBs during tensile straining. (A and B) EBSD grain boundary maps after tensile test at (A) 298 and (B) 77
K, respectively. (Insets) The generation of NGs mainly at GBs of UFGs. (Scale bar: magnitude of the Schmid factor.) (C ) (Upper) Evolution of number
density (ρ) of both NGs and corner twins in tensile tests at 298 and 77 K. (Lower) Grain size change of NGs during tensile deformation. (D) Distribution
of grain boundary orientation in NGs before and after tensile test at 298 K. (E ) TEM image showing the dynamically generated NGs at 298 K. (Inset) SFs
of high density. (F ) TEM image showing the formation of twinned NGs at GB at 298 K. (Inset) The diffraction pattern showing twinning orientation
relationship between the twinned NG and parent grain.
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excess geometrically necessary dislocations (GNDs) will be gener-
ated due to strain incompatibility, to accommodate the strain
gradient (46, 54, 57–59). These GNDs may interact with mobile
dislocations to increase the density of mobile dislocations in varying
grains due to dislocation interaction and entanglement. Mean-
while, the MGs preferentially carry plastic strain, relative to the
stronger small grains. This is accompanied by stress partitioning:
The UFGs/NGs bear an increasing fraction of the applied stress,
while MGs carry proportionally less stress. This generates back
stresses, contributing to the back stress-induced hardening during
the tensile deformation (47, 48, 52–54); see Fig. 3C. In other words,
back stress hardening is associated with strain partitioning, i.e.,
nonhomogeneous plastic strain: A steep strain gradient is estab-
lished at the grain boundary between grains of very different sizes
(47, 57). Due to the constraints by the still-elastic small grains,
dislocations in larger grains are piled up and blocked at grain bound-
aries. The long-range back stresses are significant as a result (Fig.
3), in addition to the hardening from forest dislocations in the
grains, such that Θ exhibits an upturn; see Fig. 2C.
One note to add is that the deformation-generated NGs are

themselves deformable and hardenable, via the many SFs gener-
ated inside them (see TEM image in Fig. 4 E and F). However, our
emphasis here is that the dynamically generated NGs promote a
flow response analogous to that in a multiphase (such as steels) or
composite alloy. Specifically, the HGS is dynamically maintained
and always plastically nonhomogeneous (when the overall sample is
undergoing homogeneous plastic deformation). As demonstrated
by the unprecedented magnitude of the long-range back stresses
shown in Fig. 3 B and C, the strain inhomogeneity in the self-
reinforcing HGS creates unusually large inhomogeneous internal
stresses that promote extra hardening (47, 48, 53, 57, 58). The
strain hardening rate is therefore sustained (Fig. 2C) to prolong
uniform elongation to large strains.
Finally, the strength−ductility combination offered by the

HGS is much better than those reported before for all of the
other single-phase FCC HEAs/MEAs (Fig. 2D) and TWIP steels
with homogeneous microstructure (SI Appendix, Fig. S3A): We
now have extended uniform ductility to 22% even when yield
strength is pushed to above 1 GPa. The previous strength−ductility
synergy was reported only for those with yield strength
of <400 MPa (Fig. 2D), where the strain hardening capability is
much easier to come by, as the room for defect storage has not been
exhausted. There are cases, such as duplex steels or TWIP steels
with V and Cr additions (32, 37), which have strength−ductility
comparable to our HGS, as shown in SI Appendix, Fig. S3B.
However, these enhanced properties are obtained for alloys con-
taining more than one phase as heterogeneities. In this case, mul-
tiple mechanisms operate simultaneously for work hardening,
including the TRIP effect, precipitates [vanadium carbide (VC)
nanoprecipitation at GBs, Mo2C, etc.], TWIP, dislocations, etc. In
particular, with complex composition (C, Mn, Al, Mo, and V,
etc.), dual phases form to provide heterogeneity. In contrast, in
MEAs/HEAs (Fig. 2D) and TWIP steels (SI Appendix, Fig. S3A),
only one FCC phase is present, with no TRIP and precipitates in
action. In other words, our HGS shows that a single-phase FCC
alloy can now be made with a multilevel grain structure hetero-
geneity to reach properties achievable in a multi(dual) phase
heterogeneous steel.
In summary, we advocate a strategy to achieve simultaneous high

yield strength and high tensile ductility, generally applicable to low
SFE metals and alloys, for which the CrCoNi MEA alloy serves as a
model system. The key ingredient is to start out with a gigapascal
yield strength from a purposely and extraordinarily heterogeneous
grain structure that spans the nano-to-micro range. The HGS im-
parts an additional long-range hardening effect from back stresses,
and is dynamically reinforced through the in situ production of new
nanograins at GBs throughout tensile straining. In other words,
the partially recrystallized starting grain structure facilitates non-
homogeneous plastic deformation and the associated strain gradient
hardening. Also importantly, the HGS evolves toward an even more
heterogeneous structure during tensile deformation, as more twins,

faults, and NGs with high-angle GBs form on the fly due to the low
SFE, rather than just dislocations that annihilate easily. This pre-
serves a steep strain gradient across neighboring grains and hence
large internal back stresses (see wide hysteresis loops) to sustain
strain hardening over a range of plastic strains. We also showed that
these effects would diminish in MEAs after extended annealing
toward uniform grains, or in materials with high SFE where full
dislocations dominate and could not accumulate efficiently due to
recovery and annihilation into GBs. The dynamic HGS supple-
ments the well-known effects of phase transformation (TRIP) (10)
and twinning (TWIP) (1, 9, 51), and are particularly useful for
boosting strain hardening and uniform tensile ductility in low-SFE
materials with high yield strength.

Materials and Methods
Material Fabrication and Sample Preparation. In the present study, an equi-
molar CrCoNiMEAwas fabricated. The purity of each raw elementalmaterial was
higher than 99.9 wt %. A bulk ingot, weighting ∼3 kg, was produced by elec-
tromagnetic levitation melting in a high-purity argon atmosphere and cast to an
ingot with a diameter of 120 mm and a height of 100 mm. The ingot was then
remelted five times to improve the homogeneity of both the chemical com-
position and microstructure. The actual chemical composition was measured
to be 30.77Cr−33.81Co−35.34Ni (wt %), i.e., 33.48Cr−32.46Co−34.06Ni
(atomic percent). The ingot was homogenized at 1,473 K for 12 h, hot-
forged in between 1,323 K and 1,173 K into slabs of 10 mm in thickness,
and finally cold rolled into sheets 0.5 mm thick. No cracks were observed on
the surfaces of the cold-rolled sheets. The sheets were subsequently
annealed at varying temperatures ranging from 473 K to 1,473 K for 1 h
followed by water quenching. The data presented in this paper are for
annealing at 873 K for 1 h, which produced a partially recrystallized
microstructure.

Mechanical Property Testing. The flat dog-bone−shaped tensile specimens,
with a gauge length of 15 mm and width of 4 mm, were cut from the
annealed sheets with their longitudinal axes parallel to the rolling direction.
All specimens were mechanically polished before tensile tests to remove
surface irregularities and to ensure a more accurate determination of the
cross-sectional area. The quasi-static uniaxial tensile tests were carried out
using an MTS Landmark testing machine operating at a strain rate of 5 ×
10−4 s−1. The tensile tests were conducted at room temperature (298 K)
and liquid nitrogen temperature (77 K), respectively. The LUR tensile tests
were conducted to characterize the back stresses. The methods for calcu-
lating the back stresses from LUR tensile test curves can be found in a
previous paper (48). The conditions for LUR tests were the same as those
for monotonic tests. All tensile tests were conducted using a 10-mm-gauge
extensometer to monitor the engineering strain. Five samples were tested
for each condition to verify the reproducibility.

Microstructural Characterization. SEM (JEOL JSM-7001F) was used to charac-
terize the cross-sectional microstructural evolution of the annealed CrCoNi
MEA before and after tensile tests. EBSDmeasurements were performedwith
a DigiView camera and the TSL OIM data collection software (www.edax.
com/Products/EBSD/OIM-Data-Collection-EBSD-SEM.aspx), at an EBSD step
size of 40 nm. The grain boundary was defined by misorientation angle
larger than 15°. The nanograins were colored based on the magnitude of
the Schmid factor (60), in the undeformed and deformed microstructure, to
partially reflect the orientation change, and, in turn, the deformation
level, of nanograins during tensile deformation. Local grain misorientation
information is provided through the grain reference orientation distribu-
tion (61) in SI Appendix, Fig. S7, to help track recrystallized grains in
the HGS.

A high-spatial-resolution analytical electron microscope (JEM 2010F) op-
erating at 200 kV was used for examination of the microstructural features
after tensile testing at designated strains. Thin foils for TEM observations
were cut from the gauge sections of the tensile samples, ion-thinned to about
40 μm thick, and finally thinned by a twin-jet polishing facility using a so-
lution of 5% perchloric acid and 95% ethanol at −25 °C.
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