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A B S T R A C T

The resistance to hydrogen embrittlement (HE) of CrMnFeCoNi high-entropy alloy (HEA) at both room and
cryogenic temperatures was examined through tensile experiments on specimens hydrogenated via cathodic
electrochemical charging method. Two representative steels, i.e. 316L stainless steel (SS) and X80 pipeline steel
(PS), were chosen for comparison due to their similar main constituent elements to CrMnFeCoNi HEA. Results
show that the hydrogen pre-charged CrMnFeCoNi HEA has the smallest loss of ductility among the three ma-
terials at room temperature, while displays no reduction of elongation at 77 K, compared with the uncharged
one. Fracture surfaces at both room and cryogenic temperatures of hydrogen pre-charged CrMnFeCoNi HEA are
mainly composed of dimples, indicating ductile fractures, while brittle characteristics occur in pre-charged 316L
SS and X80 PS. Typical deformation microstructure of the hydrogen pre-charged CrMnFeCoNi HEA at room
temperature is tangled dislocations instead of highly dense dislocation walls (HDDWs) found in the pre-charged
316L SS. At 77 K, more deformation twins are formed in the both materials. Reasons for a higher resistance to HE
of CrMnFeCoNi HEA at room temperature are attributed to the formation of less hydrogen trapping sites, thus a
lower degree of hydrogen enrichment than 316L SS. While at 77 K, the atomic hydrogen is not able to promptly
accumulate near these trapping sites due to its slow diffusion rate, which leads to strong HE resistance.

1. Introduction

The emergence of high-entropy alloys (HEAs) has significantly wi-
dened the idea of material design and provided new challenges to
material scientists. Different from traditional alloys in which usually
one or two dominant elemental components are present, HEAs are a
unique class of alloys that contain multiple principal elements in
equimolar or near-equimolar ratios [1,2]. First introduced about a
decade back [3,4], HEAs have attracted increasing research attentions
due to their excellent mechanical performance, such as good strength-
ductility combinations [5,6], exceptional strengthening effect [7], ex-
cellent fracture toughness at cryogenic temperature [8] and encoura-
ging fatigue resistance [9]. However, future structural components
made of HEAs are likely to be exposed in some special working en-
vironment of a number of potential applications. Some such examples
are welding process [10], nuclear power plants [11], or humid en-
vironment industry [12], where the concentration of hydrogen is rela-
tively high. Since hydrogen can cause catastrophic damages to a variety
of metallic materials [13–18], it is essential to consider the interaction
of HEAs with hydrogen and investigate the ability of resistance to

hydrogen embrittlement (HE) of the HEAs.
It was reported that hydrogen deteriorates the mechanical behavior

of steel materials as early as 1874 [19]. Since then the HE problems
multiplied and various researches have been devoted to the exploration
of the mechanisms of HE [17,18,20–28]. Hydrogen reduces the service
life of metallic materials in several different ways, leading to a decrease
in their capability for plastic deformation or even a loss in strength
[29,30]. The main influence factors on the degree of HE are hydrogen
solubility and diffusivity [24,31], temperature [32], deformation me-
chanism [30,33] and alloying effect [34,35]. Although the underlying
atomic processes of how hydrogen interacts with materials and lead to
their embrittlement remain controversial, four main mechanisms for HE
have been proposed: (1) Formation of a hydride phase; (2) Formation of
hydrogen bubbles; (3) Hydrogen-enhanced localized plasticity (HELP);
(4) Hydrogen-enhanced decohesion (HEDE). In general, the hydride
phase occurs only in alloys with transitional metallic elements that have
strong hydrogen affinity such as zirconium, titanium or other transition
[28]. The theory of hydrogen bubbles suggests that once the cavities
that occupied by high concentration of hydrogen grow to a critical size,
the internal gas pressure can be sufficient to mechanical blister the

https://doi.org/10.1016/j.msea.2018.08.101
Received 25 July 2018; Received in revised form 22 August 2018; Accepted 28 August 2018

⁎ Corresponding authors at: State Key Laboratory of Nonlinear Mechanics, Institute of Mechanics, Chinese Academy of Sciences, Beijing 100190, People's Republic
of China.

E-mail addresses: chenyan@lnm.imech.ac.cn (Y. Chen), lhdai@lnm.imech.ac.cn (L.H. Dai).

Materials Science & Engineering A 736 (2018) 156–166

Available online 04 September 2018
0921-5093/ © 2018 Elsevier B.V. All rights reserved.

T

http://www.sciencedirect.com/science/journal/09215093
https://www.elsevier.com/locate/msea
https://doi.org/10.1016/j.msea.2018.08.101
https://doi.org/10.1016/j.msea.2018.08.101
mailto:chenyan@lnm.imech.ac.cn
mailto:lhdai@lnm.imech.ac.cn
https://doi.org/10.1016/j.msea.2018.08.101
http://crossmark.crossref.org/dialog/?doi=10.1016/j.msea.2018.08.101&domain=pdf


material [22]. Based on experimental observations [20,36,37] and
theoretical calculations [38–40], the HELP theory claims that by
shielding the elastic interactions between dislocations and elastic cen-
ters, the solute hydrogen enhances dislocation velocities which can lead
to localized stress and deformation [31,41,42]. As a result, fracture
occurs in the vicinity of these localized zones. On the other hand, the
HEDE theory suggests that high density of trapping sites is produced
during the deformation of materials and the filling of these sites with
hydrogen leads to embrittlement by reducing the lattice cohesion
[23,25,33,43,44]. In view of the complexity of HE problems and the
safety for future hydrogen related engineering, exploring a material
with strong resistance to HE and revealing its intrinsic mechanisms is of
great importance. For HE problems in HEA, it has been reported that
the HEA has a reduced susceptibility to HE under gaseous hydrogen
charging condition [45,46] and the pre-strain does not affect its ex-
cellent HE resistance [47]. By cryogenic temperature caliber rolling, an
HEA with remarkably high tensile strength shows great resistance to HE
[48] and a joint increase in both strength and ductility is feasible in
HEA with a proper hydrogen concentration [49]. Besides, the HE re-
sistance in a classical HEA with varying composition was also in-
vestigated [50,51]. It shows that HEA may be a good candidate for HE
resistance, however, the performance and mechanism of HE in HEA are
still far from being fully understood.

In this study, we choose a classical type of HEA, CrMnFeCoNi, which
has extremely stable single FCC structure, high fracture toughness and
an excellent combination of strength and ductility, as discussed in early
studies [5,8]. The tensile properties of CrMnFeCoNi HEA with and
without hydrogen charging are investigated at room temperature and
liquid nitrogen temperature (77 K). For comparison, the same experi-
ments were also carried out on two traditional steels that have the si-
milar main constituent elements, which are 316L stainless steel (SS) and
X80 pipeline steel (PS), respectively. It shows that the CrMnFeCoNi
HEA has the strongest resistance to HE among these three materials at
room temperature and liquid nitrogen temperature (77 K). Based on
fracture mode and deformation microstructure analysis of the three
materials, the fundamental mechanisms for a higher HE resistance in
HEA are revealed.

2. Experimental methods

2.1. Materials processing

The HEA used in this study was processed by arc-melting a mixture
of pure metals with a nominal composition Cr20Mn20Fe20Co20Ni20 (at
%) in a high purity argon atmosphere. The ingot was remelted at least
five times to ensure homogeneity before it was drop-cast into a rec-
tangular-cross-section copper mould. The as-cast ingot was cold rolled
by 70% reduction in thickness.

Recrystallization at 820 °C for 1 h resulted in an equiaxed grain
structure with an average grain size of 8 µm (Fig. 1a). Tensile specimens
were sliced from the recrystallized sheet, ground with SiC papers on
each side, resulting in a final specimen thickness of 1.2mm and a gauge
section width of 2.5 mm. The crystal structure was identified by X-ray
diffraction (XRD) to be a single FCC phase (Fig. 2). The average grain
sizes of 316L SS and X80 PS are 20 µm and 60 µm, as shown in Fig. 1b
and c, respectively. Besides, plenty of rectangular annealing twins can
be found in the CrMnFeCoNi HEA and 316L SS (Fig. 1a and b). The
chemical compositions of the three materials are shown in Table 1.

2.2. Hydrogenation method

Hydrogen was introduced into the tensile specimens using a
cathodic electrochemical charging technique in a 0.5 mol/L H2SO4

+ 1 g/L CH4N2S (thiourea) solution with constant current density of
20mA/cm2 at room temperature. The hydrogenation time was chosen
to be 18 h, after which the effect of hydrogen on the performance of the

tensile specimens has become apparent. Besides, a diffusible hydrogen
analyzer (BRUKER, G4 PHOENIX) was used to measure the hydrogen
content of the three materials immediately after the hydrogenation
process.

2.3. Mechanical testing

Tensile tests were performed at an engineering strain rate of 10−3

s−1 in a MTS-CMT5105S with a low temperature environmental
chamber. The three types of materials with and without hydrogen
charging were tensioned at room temperature and liquid nitrogen
temperature (77 K). For each case, three identical specimens were
tested to guarantee the repeatability. To ensure that the hydrogen does
not escape from the sample because of diffusion, tensile test was per-
formed forthwith after the hydrogen charging.

2.4. Microstructure characterization

To uncover micro-deformation mechanisms, the fracture surfaces of
the three materials were carefully observed by a scanning electron
microscope (SEM, JEOL, JSM-7100F). Furthermore, transmission elec-
tron microscope (TEM, JEOL, JEM-2100F) was used to characterize the
deformation microstructures that are related to HE, such as fine dis-
locations, stacking faults or mechanical twins. To ensure that the TEM
study was carried out on the hydrogen affected zone, of which the
depth is relatively shallow when using electrochemical charging
method [31,45], discs with a diameter of 3mm were cut from the slices
near the surface of the gauge sections.

3. Results and discussion

3.1. Hydrogen content and affected zone

The content of hydrogen introduced during the hydrogenation
process of the three materials is shown in Table 2. As a result, the hy-
drogen content of CrMnFeCoNi HEA is almost the same as that of 316L
SS, but obviously higher than that of X80 PS. It is reasonable to spec-
ulate that the dissolved hydrogen in this X80 PS, a ferritic steel, has
reached saturation, since the ferrite generally has larger diffusivity but
smaller lattice solubility of hydrogen than austenite [31].

The HE affected zone can be described by hydrogen diffusion depth
through lattice, L [52], which is calculated by the following equations:

=L D t2 H (1)

= −D D Q
RT

exp( )H 0 (2)

where D0 and DH are the pre-exponential coefficient and hydrogen
diffusivity, respectively, t is the hydrogen charging time, Q is the acti-
vation energy of hydrogen diffusion, R is the gas constant and T is the
temperature during the charging process (here we take T to 300 K). We
assume that the parameters to calculate the diffusion coefficient DH of
HEA are similar to those of austenitic SS, since they both have the same
crystal structure (fcc) and main chemical constituents [53]. Besides, DH

of austenitic SS is reported to be nearly insensitive to the composition
[54]. Therefore, adopting = ×

− −D 6.2 10 m s0
7 2 1 and =

−Q 53.6 kJ mol 1

from austenitic SS [55] and = ×
− −D 2.0 10 m s0

7 2 1 and =
−Q 6.87 kJ mol 1

from α-Fe [56], L is estimated to be 10 µm for CrMnFeCoNi HEA and
316L SS and 57.6 cm for X80 PS. This result indicates that the hydrogen
can penetrate the X80 PS during the hydrogenation process while it can
only affect the other two FCC materials in a shallow depth.

3.2. Tensile properties

Representative engineering stress-strain curves of the CrMnFeCoNi
HEA, 316L SS and X80 PS tensile tested to fracture at room temperature
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with and without hydrogen charging are shown in Fig. 3a–c. The results
illustrate that the strain to failure εf of CrMnFeCoNi HEA reduces from
0.52 to 0.45 after hydrogen charging for 18 h while its yield and tensile
strength remain approximately the same (Fig. 3a). For 316L SS, εf de-
creases from 0.74 to 0.55, which is more severe compared to the
CrMnFeCoNi HEA albeit its original yield and tensile strength are sus-
tained after hydrogen charging (Fig. 3b). As for X80 PS, both the
elongation and tensile strength diminish greatly after hydrogen char-
ging, i.e., from 0.33 to 0.15 and 760–650MPa, respectively (Fig. 3c).
The HE susceptibility of materials is commonly measured by a value
IHE, which is the relative loss of ductility or strength, and the smaller
the value, the lower the susceptibility of the material [57]. In this ar-
ticle, the susceptibility to HE can be expressed by the percentage loss of
tensile strain after hydrogen charging as shown below:

= − ×I ε ε(1 / ) 100%HE f fH 0 (3)

where ε f0 and ε fH are respectively the strain to failure before and after
hydrogen charging. The IHE calculated from Eq. (3) for CrMnFeCoNi
HEA, 316L SS and X80 PS are 13%, 25% and 53% (Fig. 3d),

respectively, indicating that the CrMnFeCoNi HEA has the lowest sus-
ceptibility to HE of the three materials at room temperature.

Take into consideration that the mechanism of plastic deformation
in CrMnFeCoNi HEA at cryogenic temperatures is distinct from that at
room temperature [5,8] (e.g. from dislocation glide at room tempera-
ture to glide plus twinning at 77 K), the interaction of hydrogen with
the HEA during deformation and the degree of HE may also change.
Hence, the tensile tests were performed with uncharged and pre-
charged specimens for the three materials at 77 K. As depicted in Fig. 4,
the hydrogen has almost no influence on the strength or ductility of
CrMnFeCoNi HEA or 316L SS at such a low temperature (Fig. 4a, b)
while a smaller influence on the elongation of X80 PS in contrast to the
case at room temperature, for which the degree of susceptibility to HE
reduces from 53% (room temperature) to 27% (77 K), see Fig. 3d and
Fig. 4c.

3.3. Fractography

The fracture surfaces at room temperature of the three materials
with and without hydrogen charging are presented in Fig. 5. Obvious
area reduction of cross section due to necking are found in CrMnFeCoNi
HEA and 316L SS, both for the uncharged and pre-charged specimens.
There is no significant difference in the macroscopical fracture mor-
phology (Fig. 5a–d) although hydrogen has reduced their ductility.
However, the fracture surfaces of X80 PS with and without hydrogen
charging are widely divergent (Fig. 5e, f) and it can be seen that, for the
pre-charged specimen, the reduction of area is obviously smaller than
the uncharged one. In addition, the fracture surface of the pre-charged
specimen contains a pit as shown by the red dotted line (Fig. 5f), im-
plying that this region is influenced by hydrogen seriously.

Typical local areas of fracture surfaces at room temperature of the
three materials are shown in Fig. 6. Since the hydrogen can not diffuse

Fig. 1. Representative backscattered electron micrographs of the microstructures of the three materials. (a) CrMnFeCoNi HEA. (b) 316L SS. (c) X80 PS.

Fig. 2. XRD pattern of the CrMnFeCoNi HEA indicating a single FCC structure.

Table 1
Nominal chemical compositions (wt%) of CrMnFeCoNi HEA, 316L SS, and X80 PS.

Cr Mn Fe Co Ni C Si P S Mo

HEA 18.88 19.16 19.81 21.22 20.88
316L 17.13 1.14 Bal. 10.31 0.02 0.54 0.03 0.0007 2.10
X80 0.035 1.00 Bal. 0.61 0.22 0.013 0.0018 0.005

Table 2
Hydrogen concentration of the three materials after hydrogenation.

Sample types HEA 316L X80

Hydrogen content (wt p.p.m.) 7.73 7.29 4.36
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deeply, these local areas are only from the shallow surfaces of the
materials (inside the yellow circles in Fig. 5). The fracture surfaces of
CrMnFeCoNi HEA with and without hydrogen charging (Fig. 6a, b) are
mainly composed of dimples, and it turns out that the size of these
dimples remain almost the same before and after hydrogen charging,
indicating that the hydrogen only has little effect on this HEA. For 316L
SS, the fracture surface for the uncharged specimen displays more
homogeneous dimples (Fig. 6c) compared with CrMnFeCoNi HEA.
However, brittle fracture areas are found in the fracture surface of the
pre-charged 316L SS (Fig. 6d). These changes of fracture morphology
indicate that the influence of hydrogen on 316L SS is more severe than
that on the CrMnFeCoNi HEA. Finally, the fracture surfaces of X80 PS
with and without hydrogen charging are shown in Fig. 6e and f. It can
be found that, the fracture surface is consisted of homogeneous and

small dimples in the un-charged specimen (Fig. 6e), but the pre-charged
one is mainly composed of sharp tear ridges and facets, which are the
features of “quasi-cleavage” (Fig. 6f). It implies that the fracture mode
of X80 PS has turned from ductile to brittle in the local region after
hydrogen charging for 18 h.

The fracture morphologies for the three materials tested at 77 K
with and without hydrogen charging are shown in Fig. 7. It can be
found that, the macroscopical cross sections for pre-charged ones show
similar traits to those for uncharged ones for all the three materials. It
suggests that at cryogenic temperature, the pre-charged hydrogen does
not cause obvious change of the fracture mode. Necking is observed in
CrMnFeCoNi HEA and 316L SS. However, different from the case at
room temperature (Fig. 5e, f), the cross section area of X80 PS at
fracture has nearly no reduction at 77 K (Fig. 7e, f), which is a

Fig. 3. (a)–(c) Stress-strain curves of CrMnFeCoNi HEA, 316L SS and X80 PS tested at room temperature with and without hydrogen charging. (d) the susceptibility to
HE of the three materials.

Fig. 4. Stress-strain curves of CrMnFeCoNi HEA, 316L SS and X80 PS tested at 77 K with and without hydrogen charging.

Z. Pu et al. Materials Science & Engineering A 736 (2018) 156–166

159



manifestation of low ductility.
Fig. 8 is the typical local area (inside the yellow circles in Fig. 7) of

fracture surfaces of the three materials tested at 77 K with and without
hydrogen charging. Compared with the result at room temperature
(Fig. 6a–d), the difference between the fracture patterns of uncharged
and pre-charged specimens are minor for both the CrMnFeCoNi HEA
and 316L SS (Fig. 8a–d), which shows that the two materials are less
affected by hydrogen at low temperature. As for X80 PS, the fracture
pattern has changed from dimple (Fig. 6e) at room temperature to
cleavage fracture pattern at 77 K (Fig. 8e, f). In addition, much more
microcracks can be found in hydrogen pre-charged X80 PS specimen
(Fig. 8f) in contrast to the uncharged one (Fig. 8e), since the crack

growth ratio can be increased if the hydrogen pressure is enough [58].

3.4. Stress induced hydrogen diffusion

Since the atomic hydrogen dissolved in the pre-charged specimens
can get enrichment by diffusion under applied stress and the cracks may
nucleate when local hydrogen content exceed the threshold level.
Hence, it is very important to estimate the hydrogen diffusion distance
L under applied stress in the tensile test for the pre-charged specimens.

Due to the existence of the applied stress, Eq. (2) that calculates the
hydrogen diffusivity DH can be modified to:

Fig. 5. Fracture morphology of the three materials tested at room temperature with and without hydrogen charging. (a) Uncharged and (b) pre-charged CrMnFeCoNi
HEA, (c) uncharged and (d) pre-charged 316L SS and (e) uncharged and (f) pre-charged X80 PS (For interpretation of the references to color in this figure, the reader
is referred to the web version of this article.).

Fig. 6. Typical local area of fracture surfaces of the three materials tested at room temperature with and without hydrogen charging. (a) Uncharged and (b) pre-
charged CrMnFeCoNi HEA, (c) uncharged and (d) pre-charged 316L SS and (e) uncharged and (f) pre-charged X80 PS.
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= −
−D D Q σ V
RT

exp( )H
h H

0 (4)

where σh is hydrostatic stress, VH is the partial molar volume of hy-
drogen, t is the duration of the tensile test. The stress state in our tensile
experiment is uniaxial tension so σh is estimated to be 600MPa, which
is the average value of the flow stress of the three materials. The
average duration t of the tensile tests of the three materials is estimated
to be 200 s and we adopt =V 2.0 cm /molH

3 from austenitic SS [59] and
=V 2.5 cm /molH

3 from ferritic steel [60].
Then, we take temperature T to be 300 K, using Eqs. (1) and (4), the

diffusion distance L is estimated to be 450 nm for HEA and 316L and
3mm for X80 at room temperature, respectively. Similarly to the steps
above, if we take temperature T to be 77 K, L is estimated to be
3× 10–11 nm for HEA and 316L and 130 µm for X80 at 77 K, respec-
tively.

The tensile tests and the fracture morphologies above clearly show
that the HE resistance of CrMnFeCoNi HEA is higher than the other two
materials. For the X80 PS with ferritic structure, it has significantly low
resistance to HE both at room temperature and 77 K. Through the es-
timation of diffusion distances of hydrogen in the tensile test at 77 K for
the three materials, we can conclude that the hydrogen diffusion effect
is negligible for HEA and 316L, since the diffusion distance (3× 10–11

nm) is extremely short, while it still works on X80 because the diffusion
distance L is 130 µm, which is much larger than the lattice constant of
ferrite. Due to larger diffusivity and smaller solubility, it is easier for
hydrogen to enter the ferritic steels and diffuse to the stressed or
strained areas, which may eventually lead to the formation of internal
microcracks such as hydrogen bubbles [17,18,28].

On the other hand, 316L SS is composed of stable austenite which
serves as strong traps for hydrogen in the material matrix [24,61],

Fig. 7. Fracture morphology of the three materials tested at 77 K with and without hydrogen charging. (a) Uncharged and (b) pre-charged CrMnFeCoNi HEA, (c)
uncharged and (d) pre-charged 316L SS and (e) uncharged and (f) pre-charged X80 PS (For interpretation of the references to color in this figure, the reader is
referred to the web version of this article.).

Fig. 8. Typical local area of fracture surfaces of the three materials tested at 77 K with and without hydrogen charging. (a) Uncharged and (b) pre-charged
CrMnFeCoNi HEA, (c) uncharged and (d) pre-charged 316L SS and (e) uncharged and (f) pre-charged X80 PS.
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resulting in excellent resistance to HE compared with other metallic
materials [30,62,63]. However, the factors that control HE are not only
crystal structure, diffusivity or solubility, it is also of great importance
to consider the deformation mechanisms and the consequent micro-
structures of the materials during the tensile process [30,33]. Since the
CrMnFeCoNi HEA has a better ability to resist HE than 316L, a tradi-
tionally good austenite SS with strong HE resistance [30], more details
need to be find to reveal why this type of HEA performs so well under
hydrogenation conditions.

3.5. Deformation microstructures

Fig. 9 shows micrographs of pre-charged 316L SS strained to 15% at
room temperature. The microstructures are substantially nonuniform.
One of the characteristics described by Fig. 9a and b is that there are
high-density dislocations and many staggered streaks, marked by the
blue and white arrows. The insets of the two micrographs show the
selected area diffraction (zone 1 and zone 2) where two streaks inter-
sect each other. The streaks are highly dense dislocation walls
(HDDWs), since the SAD patterns only reveal one set of diffraction spots
with slightly elongated bright lines in the directions perpendicular to
the streaks. HDDWs consist of fine dislocation structures or short
stacking faults, similar to the structures observed in some other steels
[31,64]. The intersections of these HDDWs provide not only high stress
fields but also local strain zones that favor to attract hydrogen [33,43].
As a result, the hydrogen trapping sites produced by such intersections
will inevitably cause hydrogen localization, when the local hydrogen

concentration exceeds a threshold level, the mechanism that causes HE
will be triggered.

Fig. 9c shows the magnified image of the region highlighted by the
yellow rectangle in Fig. 9a, where there is an annealing twin with long
straight twin boundaries (TBs). Parallel arrangement of smaller HDDWs
(marked by white arrows in Fig. 9c) is formed in the grain, leading to
many intersections of HDDWs and the TBs. Similar to the HDDW-
HDDW intersections in Fig. 9a and b, the HDDW-TB intersections also
provide many sites for the accumulation of hydrogen because high
stress concentration can be produced here.

Fig. 9d shows the deformation twins (DTs) surrounded by high-
density dislocations. The corresponding SAD pattern (zone 4) reveals
two sets of diffraction spots which belong to FCC deformation twin and
matrix (see the inset in Fig. 9d). During deformation, the dislocations
will intersect the TBs through a dislocation dissociation mechanism
[65,66]. By forming partial dislocations such as [211]1

6 , the coherency of
TBs is weakened by the dislocation-twin interactions [67]. As a con-
sequence, highly strained fields that promote hydrogen accumulation
are created on the twin boundaries.

Fig. 10 presents typical deformation microstructures for the pre-
charged CrMnFeCoNi HEA specimen strained to 15% at room tem-
perature, which are substantially different from 316L SS. It is noticed
that highly dense dislocations scatter all over the grains but no obvious
HDDWs appear. Fig. 10b and c are magnified micrographs to show
these highly tangled dislocations structures, which will not cause pro-
minent strain localization compared to some other planar lattice defects
such as stacking faults or ε-martensites [30]. Similarly, in comparison

Fig. 9. TEM micrographs of pre-charged 316L SS strained to 15% at room temperature: (a) and (b) tangled dislocations and staggerly distributed HDDWs, (c) a
magnified image of the region marked by yellow rectangle in (a), (d) deformation twins and corresponding SAD pattern (For interpretation of the references to color
in this figure legend, the reader is referred to the web version of this article.).
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Fig. 10. TEM micrographs of pre-charged CrMnFeCoNi HEA strained to 15% at room temperature: (a) high dense dislocations scattering all over the grains, (b) and
(c) magnified micrographs showing the tangled dislocation structures (For interpretation of the references to color in this figure, the reader is referred to the web
version of this article.).

Fig. 11. TEM micrographs of pre-charged: (a) CrMnFeCoNi HEA and (b) 316L SS strained to 15% at 77 K.
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with the HDDWs formed in 316L SS that will lead to relatively large
strain localization, the tangled dislocations in CrMnFeCoNi HEA only
cause lower degree of strain localization. The relatively lower strain
localization leads to a lower degree of hydrogen accumulation at the
tangled dislocations, so the cracks do not form easily there. Thus, re-
latively smaller degree of HE is found in CrMnFeCoNi HEA.

Fig. 11 shows the micrographs of pre-charged CrMnFeCoNi HEA
(Fig. 11a) and 316L SS (Fig. 11b) strained to 15% at 77 K. Different
from the result at room temperature (Fig. 9 and Fig. 10), there are more
deformation twin bands in both materials (marked by the yellow ar-
rows), which is the result of increased flow stress at cryogenic tem-
perature [68]. It is reasonable to speculate that the number of hydrogen
trap sites produced by TBs and twin-dislocation interactions are more at
77 K than that at room temperature, thus a lower ability to resist HE is
displayed at 77 K. However, for the both materials, the HE resistance
are higher at 77 K than that at room temperature (see Fig. 3a, b and
Fig. 4a, b). A common explanation for the almost zero HE susceptibility
of CrMnFeCoNi HEA and 316L SS at 77 K is that when the experimental
temperature is extremely low, even if slowly strained, the atomic hy-
drogen in the materials is unable to get enriched by diffusing to the
stress or strain concentration sites within the test process [49,57].

3.6. Hydrogen-enhanced localized plasticity (HELP)

The study on the deformation microstructure only explains HE from
the point of hydrogen trapping and accumulation, however, more
specific mechanisms that lead to crack initiation by hydrogen in the HE
problem need to be revealed. From the discussion above, it is reason-
able to speculate that the local hydrogen content in both the
CrMnFeCoNi HEA and 316L SS is getting higher and higher during the
deformation process, once it exceeds the threshold level, the mechan-
isms that lead to crack initiation are triggered. In this study, the HELP
mechanism is considered to be significant since it is more prominent in
materials that are prone to planer slip [45], which is found in both
CrMnFeCoNi HEA [5] and 316L SS [69].

According to the HELP mechanism, hydrogen will enhance the
movement of dislocation in one direction by reducing the interactions
with its elastic centers [20,36]. As a consequence, cross-slip of materials
is hindered, which finally leads to localized deformation such as slip
planarity [37]. By comparison of the micrographs of Fig. 9 and Fig. 10,
we can see that a lot of long straight HDDWs form during the de-
formation of 316L SS while almost no HDDW is observed in CrMnFe-
CoNi HEA at the same strain stage. As fine dislocation structures,
HDDWs are known to be one of the results of slip planarity [31,64].
Therefore, hydrogen will aggravate the degree of the planar slip which
is high enough in the uncharged 316L SS in compare with CrMnFeCoNi
HEA. Furthermore, the HDDWs, the HDDW-HDDW intersections, and
the HDDW-TB intersections will be potential obstacles which increase
the degree of dislocation pile-ups. As a result, high stress concentration
is produced and microvoids will nucleate in the vicinity of these dis-
location pile-ups.

On the other hand, despite that the solute hydrogen can enhance the
mobility of dislocations, which allows them to multiply or move at
reduced stresses [36], this effect of hydrogen on the dislocations in HEA
will be somehow weakened. Since one of the four core effects of HEA is
severe lattice distortion which offers resistance to dislocation motion
[1,48], the mobility of dislocations in HEA may not be enhanced as high
as that of traditional steels at the same hydrogen concentration. Hence,
in the present CrMnFeCoNi HEA case, the effect of the hydrogen on the
motion of dislocations is relatively small compared with 316L SS. Lo-
calized deformation is thereby more difficult to happen in CrMnFeCoNi
HEA, leading to a higher HE resistance.

4. Conclusions

The effect of hydrogen on tensile ductility of CrMnFeCoNi HEA,

316L SS and X80 PS at both room and cryogenic temperature are stu-
died in this work. The HE resistance of the first two materials are ex-
amined in details since they have the same crystal structures and pro-
minently better abilities to resist HE than X80 PS. Accordingly, the
following conclusions can be drawn:

(1) At room temperature, the HE susceptibility of CrMnFeCoNi HEA,
316L SS and X80 PS are 13%, 25% and 53%, respectively, sug-
gesting that the CrMnFeCoNi HEA has the highest HE resistance.

(2) At 77 K, due to lower diffusivity of hydrogen, tensile ductility of
CrMnFeCoNi HEA and 316L SS are almost unaffected by hydrogen
while the elongation of pre-charged X80 PS is still reduced.

(3) The fractographs of hydrogen uncharged and pre-charged
CrMnFeCoNi HEA and 316L SS exhibit slight difference at both
293 K and 77 K, which are mainly composed of dimples. In contrast,
quasi-cleavage features are shown in the fracture surfaces of the
pre-charged X80 PS at both 293 K and 77 K.

(4) At room temperature, the deformation of CrMnFeCoNi HEA is
mainly accommodated by tangled dislocations while that of 316L
SS is dominated by HDDWs. HDDWs are the result of slip planarity
and provide the hydrogen trapping sites. Less hydrogen trapping
sites and lower degree of hydrogen enrichment in CrMnFeCoNi
HEA lead to a better ability to resist HE according to HELP me-
chanism. At 77 K, more deformation twins are formed in the both
materials. A very slow diffusion rate of atomic hydrogen at this
temperature prevents hydrogen from an effective enrichment, and
therefore has minor effect on the ductility of these two materials.
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