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Crack initiation mechanisms under two stress ratios (R = − 1 and 0.5) and up to very-high-cycle fatigue (VHCF)
regime of a selective laser melted (SLMed) Ti-6Al-4V were investigated. Type I lack-of-fusion defects (almost
equiaxed) induced crack initiation except for the cases of VHCF under R = 0.5 in which type II defects (large
aspect ratio) caused facet mode crack initiation. A nanograin layer formed underneath the crack initiation region
of rough area for the cases of VHCF at R = − 1, which was explained by the numerous cyclic pressing (NCP)
model. A P-S-N approach was introduced to well describe the fatigue life up to VHCF regime under R = − 1 and
0.5 for the SLMed titanium alloy.

1. Introduction
Additive manufacturing (AM) is an advanced manufacturing tech
nology that is capable of fabricating complex and near-net shape com
ponents directly from a 3D computer designed model by material
feedstock in a layer by layer process [1–4]. Selective laser melting (SLM)
is one of the most applicable AM techniques, in which the powder of
desired material is selectively melted via a high power laser beam thus
having the capability of melting the material powder completely to get
almost full density parts. However, one critical concern of SLM is that
the defects inevitably exist [5,6], which are detrimental to mechanical
properties, especially the fatigue performance of the selective laser
melted (SLMed) parts. Therefore, it is necessary to investigate the fa
tigue behavior of SLMed parts to ensure a safety application.
The titanium components fabricated by SLM have gained a lot of
attentions due to their high specific static and fatigue strength. As re
ported in Refs. [7,8], the quasi-static mechanical properties of SLMed
parts were comparable or even better than those of wrought ones due to
the fine microstructure resulted from the high thermal gradients in the
SLM process. However, the fatigue resistance of titanium parts made by
AM is much lower than conventionally built ones [9,10]. This is pri
marily caused by the presence of defects in the AM parts, and the defects
act as fatigue crack initiation origins due to the stress concentration
generated in the surrounding material [11]. As a result, AM parts exhibit
lower fatigue resistance than their forged counterparts, and their fatigue

data display significant uncertainty with large scatter, which are mainly
ascribed to the defect propensities of size, shape, location and spacing
[12–14].
A number of studies on forged titanium alloys have shown that fa
tigue failure can occur beyond 107 loading cycles, i.e. very-high-cycle
fatigue (VHCF) [15–17]. The decrease in fatigue strength in VHCF
regime is associated with the change in failure mode from surface
cracking induced fracture in low-cycle fatigue (LCF) and high-cycle fa
tigue (HCF) regime to internal cracking induced fracture in VHCF
regime [18,19]. Many previous studies have focused on LCF [20,21] and
HCF [22,23] properties of AM titanium alloys. Recently, several results
with respect to the VHCF behavior of AM titanium alloys are available in
the literature [24–26]. Günther et al. [24] found that crack initiation
location shifted from specimen surface to interior when the fatigue life
changed from HCF to VHCF regime for an SLMed Ti–6Al–4V. Qian et al.
[25] established a probabilistic S-N (P-S-N) model based on the defect
size distribution to describe the VHCF strength at 109 cycles for an
SLMed Ti-6Al-4V, which decreased with the building orientation from
0◦ to 90◦ , while the crack initiation sites of the broken specimens were
always from internal defects at both HCF and VHCF regimes. In addition,
our recent study [26] showed that the fatigue strength of SLMed tita
nium specimens in HCF and VHCF regimes remarkably decreases with
the increase of porosity percentage. For conventional titanium alloys,
internal cracks originated from the cleavage of α phase [27]. For SLMed
Ti-6Al-4V alloys, however, fatigue cracks usually initiated from internal
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Fig. 1. Manufactured specimens used for fatigue tests (a), shape and dimensions (mm) of specimens for tensile tests (b), and for ultrasonic fatigue tests (c).

lack-of-fusion defects [26], for which, the detailed characteristics of
crack initiation in relation to the defects under different stress ratios are
little understood and need further investigations.
Moreover, it is reported that the value of mean stress or stress ratio
(R) has a significant effect on the HCF and VHCF properties of forged
titanium alloys with bimodal [27], equiaxed [28] or lamellar-equiaxed
[29] microstructures. As an example, Liu et al. [27] revealed that
faceted crack initiation dominates the failure mode in HCF and VHCF
regimes of a forged Ti–6Al–4V alloy, and the number of facet crack
initiation sites increased with the increase of stress ratio. The micro
structure evolution underneath the crack initiation region (rough area,
RA) also differs under negative or positive stress ratios in VHCF regime
[29]. Nanograin layer formed underneath the fracture surface within the
RA region of a forged Ti–6Al–4 V at R = − 1, while no nanograins were
presented in the crack initiation region at R = 0 and 0.5. With regard to
this, Hong et al. [30] proposed the “numerous cyclic pressing (NCP)”
model to explain the formation mechanism of nanograins in VHCF for
high-strength steels, which has been confirmed being valid for the RA of
forged titanium alloys [28,29,31]. However, the role of stress ratio in the
damage process of HCF and VHCF for SLMed titanium alloys is rarely
reported and the related crack initiation mechanism is unclear. Thus the
crack initiation mechanism under different stress ratios in HCF and
VHCF regimes for SLMed titanium alloys deserves in-depth
investigations.
In this paper, the crack initiation mechanisms up to VHCF regime
under negative and positive stress ratios for an SLMed Ti-6Al-4V were
investigated. First, ultrasonic fatigue tests (20 kHz) were performed on
the specimens under the stress ratios of − 1 and 0.5. Then, the fracture
surfaces were examined by scanning electron microscopy (SEM) and the
crack initiation modes at different stress ratios were classified. More
over, the analyses via focused ion beam (FIB) microscopy and trans
mission electron microscopy (TEM) were conducted to characterize the

microstructure of the crack initiation region. Finally, a fatigue strength
prediction model based on the obtained S-N data and defect size dis
tribution was introduced. The P-S-N curves and fatigue strengths up to
VHCF regime at different stress ratios were well described by the model.
2. Test material and experimental methods
The tensile and fatigue specimens were fabricated by a commercial
HBD-200 additive manufacturing system. Pre-alloyed gas-atomized Ti6Al-4V powder with the particle size between 19 and 50 μm was used.
The main chemical composition of the powder consists of 6.40 wt% Al,
4.10 wt% V and balance Ti. All specimens were fabricated vertically on a
base plate with the processing parameters optimized in our previous
research [26] with laser power of 160 W, layer thickness of 30 μm, scan
speed of 1200 mm/s and hatch spacing of 0.07 mm. The combination of
such processing parameters gives the input laser energy density E of
76.2 J/mm3 [26], which was calculated by the following formula [32].
E =

P
v⋅h⋅t

(1)

where P is laser power (J s− 1), v is scan speed (mm s− 1), h is hatch
spacing (mm) and t is layer thickness (mm).
Fig. 1a shows the SLMed Ti-6Al-4V specimens used for fatigue tests.
A post-SLM heat treatment at 600 ◦ C for 2 h followed by cooling under
argon atmosphere was performed to relieve the residual stresses pro
duced in the SLM process. Additionally, all specimens were polished to a
mirror finish prior to the tests to minimize the effects of surface im
perfections arising from partially-melted powder particles.
For the microstructure examination of the SLMed Ti-6Al-4V, two
samples were cut from a fatigue specimen in the annealed state by spark
cutting, and the samples were ground by using sandpapers. The cross
sections of the samples were polished with a suspension of 50 nm nano-

Fig. 2. OM images showing microstructure of SLMed samples (a) horizontal cross-section, and (b) longitudinal cross-section.
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Fig. 3. S-N data of test material for R = –1 and 0.5. (a) In terms of stress amplitude versus fatigue life, and (b) in terms of maximum stress versus fatigue life. sur.:
surface crack initiation, int.: internal crack initiation.

SiO2 and H2O2, and then etched by Kroll reagent for about 10 s. Finally,
the microstructures of both vertical and horizontal cross-sections were
examined by using an Olympus GX71 optical microscope (OM). Due to
the rapid cooling and high temperature gradient for the specimens in the
SLM process, the microstructure of the SLMed Ti-6Al-4V is almost
acicular α′ martensites within columnar prior β grains, similar to the
case in Ref. [33]. It is worth noting that the SLMed Ti-6Al-4V specimens
annealed at 600 ◦ C that is below the β phase transformation temperature
will not result in any notable change in microstructure morphology
[34]. Fig. 2a shows the microstructure of the horizontal cross-section,

which consists of almost acicular α′ martensites transformed from
prior β grains. Fig. 2b shows the microstructure of the longitudinal crosssection. It is clearly observed that large columnar grains of prior β phases
are almost oriented along the build direction, epitaxially growing across
multiple deposition layers up to hundreds of microns. This microstruc
ture is frequently observed in additively manufactured parts, resulting in
strong anisotropic mechanical properties [35].
Monotonic tensile tests were conducted on four specimens via a
servo-hydraulic system at a strain rate of 10− 4 s− 1. The shape and the
dimensions of the specimen with a gage length of 30 mm and a diameter

Fig. 4. Typical fracture surface morphologies of crack initiation from surface defects of specimens failed in LCF and HCF regimes, P1 in (b) being the location of TEM
sample cut by FIB.
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Fig. 5. Typical fracture surface morphologies of crack initiation from internal defects of specimens failed in VHCF regime at R = –1, P2 and P3 in (b) being the
location of TEM sample cut by FIB.

of 6 mm are shown in Fig. 1b. The loading axis was parallel to the build
direction. The results are: yield strength (σy) 1045 ± 5 MPa, ultimate
tensile strength (σu) 1200 ± 10 MPa and total elongation (εt) 4 ± 0.2%.
The tensile strength agrees well with the results ranging from 1006 to
1327 MPa reported in the literature [36]. The strain to failure is rela
tively low but also within the range between 1.6 and 11.9% reported in
the literature [36]. Studies (e.g. Ref. [37]) have shown that the quasistatic mechanical performance of SLMed Ti-6Al-4V alloy is controlled
by the related microstructure and defects. Since the SLMed Ti6Al4V is
majorly composed of fine and acicular α′ martensites, it is reasonable
that the strength of such a titanium alloy is higher than that of the
counterpart produced by conventional methods. Although the metal
lurgical defects have little impact on the monotonic tensile strength,
they have detrimental effects on the total elongation as reported in
Ref. [26].
The fatigue tests were conducted on an ultrasonic vibration machine
(Lasur GF20-TC) at 20 kHz, which was installed in a conventional tensile
machine (capacity 20 kN) to enable the ultrasonic cycling under an

amount of mean stress. The ultrasonic specimens were specially
designed into an hourglass shape with a minimum diameter of 3.5 mm to
ensure the resonant frequency of the specimen equal to the input inci
tation frequency (20 ± 0.5 kHz) of the piezoelectric ceramic resonator.
The shape and dimensions of the specimen for ultrasonic fatigue tests are
shown in Fig. 1c. During the ultrasonic fatigue testing, the compressive
air was used to cool the specimen to ensure that the possible temperature
rise of the test specimen was negligible. After the fatigue tests, fracture
surfaces of all failed specimens were examined by a field-emission type
of scanning electron microscope (SEM, FEI QUANTA 200 FEG), and the
failure types and crack initiation sites were identified. Moreover, the size
and distribution of the defects on the fracture surfaces were measured by
using Image-Pro Plus 6.0 software. Then the Gumbel distribution [38] of
the defects was obtained and used in the P-S-N modeling.
By means of focused ion beam (FIB) technique with a dual beam (FIBSEM) system FEI Helios Nanolab 600i, five FIB samples from the selected
crack initiation sites were prepared for detail observation of the
microstructure underneath the crack initiation and early growth region

Fig. 6. Typical fracture surface morphologies of crack initiation from internal defects of specimens failed in VHCF regime at R = 0.5, P4 and P5 in (f) being the
location of TEM sample cut by FIB.
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for fatigue failed specimens, and then were examined by transmission
electron microscopy (TEM) with selected area electron diffraction (SAD)
via an FEI Tecnai G2 F30 S-Twin. The diameter of the electron diffrac
tion area was 200 nm, and a platinum (Pt) layer was coated to protect
the fracture surface of the extracted samples during FIB cutting process.
3. Results and discussion of crack initiation mechanisms
3.1. S-N data and fractographic morphologies
Fig. 3a shows the obtained S-N data in terms of applied stress
amplitude σ a versus fatigue life Nf with the stress ratios of − 1 and 0.5,
which cover the fatigue life from 104 to 109 cycles. For the stress ratio of
− 1, the S-N curve presents a step-wise trend. The fatigue strength σa of
specimens from 105 to 107 cycles varied from 350 MPa to 290 MPa and
decreased to 225 MPa at 109 cycles. While for the stress ratio of 0.5, the
S-N curve exhibits a continuously descending trend. The fatigue strength
σ a from 104 to 107 cycles varied from 200 MPa to 115 MPa and
decreased to 100 MPa at 109 cycles. Fig. 3b shows the data of maximum
stress σ max versus Nf under the two stress ratios of − 1 and 0.5. The
maximum stress σ max at R = 0.5 varied from 320 MPa to 800 MPa. It is
seen from this figure that at a certain fatigue life, the maximum stress
level for R = 0.5 is much larger than that for R = − 1.
SEM observations showed that surface crack initiation is dominant in
HCF regime and internal crack initiation prevails in VHCF regime for the
SLMed Ti-6Al-4V specimens failed at both cases of R = − 1 and 0.5,
which is also indicated in Fig. 3 by hollow and solid symbols, respec
tively. When the fatigue life Nf was less than 107 cycles, fatigue cracks
initiated from surface defects as shown in Fig. 4. The surface defects that
induced crack initiation are of regular shape (almost equiaxed) at both
negative stress ratio (R = − 1) and positive stress ratio (R = 0.5). This
indicates that stress ratio has little effect on the crack initiation pattern
for the case of surface crack initiation. However, when the fatigue life Nf
was larger than 107 cycles, fatigue cracks initiated from internal defects
as shown in Fig. 5 (R = − 1) and Fig. 6 (R = 0.5). It is seen that the
fracture surface morphologies of the specimens that failed from internal
defects under stress ratio of R = − 1 are different from those of R = 0.5,
which will be further addressed in the following Sections 3.2 and 3.3.
Fig. 5 shows the fracture surface of the specimen failed at 1.85 × 108
cycles under R = − 1. The entire region of crack initiation and early
propagation marked with dashed curve exhibits a rough area (RA) with
fine granular feature on the fracture surface, which is similar to the fine
granular area (FGA) for high-strength steels in VHCF regime. RA or FGA
is the characteristic region of crack initiation in VHCF for titanium alloys
or high-strength steels, whose formation period consumed a majority
part of total fatigue life [16,30,31]. Different from the SLMed Ti-6Al-4V,
almost no defects (cavities or inclusions) were found at the crack initi
ation sites for conventionally produced titanium alloys with bimodal
[27] or equiaxed [28] microstructure. Their fatigue cracks originated
from the cleavage of α phase and then the coalescence of facets formed
an RA on the fracture surface.
For the case of R = 0.5, there was no rough area feature on the
fracture surface of the specimens experienced VHCF as shown in Fig. 6.
Instead, a rather smooth cleavage-like region surrounding the crack
origin appears as shown in Fig. 6c and f. Thus, it is inferred that the RA
region formed only in the crack initiation region of the SLMed Ti-6Al-4V
during VHCF at R = − 1. The microstructural details in the crack initi
ation region will be characterized in the following Section 3.3.

Fig. 7. Gumbel plot of defect sizes at R = –1 and 0.5; type I defect referring to
lack-of-fusion defects with regular shape (almost equiaxed), and type II defect
referring to lack-of-fusion defects with irregular shape (large aspect ratio).

Fig. 4c and d. Type II defect is defined as the lack-of-fusion defects with
irregular shape (large aspect ratio), which induced crack initiation in
VHCF regime for the stress ratio of R = 0.5 as shown in Fig. 6. Inter
estingly, a lamellar facet appears, which embraces the type II defect that
acts as the crack origin as shown in Fig. 6c and f. It is very likely that the
facet was generated due to the localized stress concentration at the
defect-matrix boundary.
For the further characterization of the crack initiation propensity
caused by different types of defects, the sizes of the defects observed on
the fracture surfaces of failed specimens were measured by the use of
Image-Pro Plus 6.0 software. Fig. 7 shows the Gumbel plot of the
√̅̅̅̅̅̅̅̅̅̅̅
measured defect sizes. The horizontal axis aread is the equivalent
defect size, and the vertical axis − (Ln(− Ln(F))) is the reduced variate,
which follows the cumulative function distribution of the Gumbel
extreme value analysis. It is seen that the sizes of original type II defects
in the specimens subjected to VHCF under R = 0.5 are smaller than those
of original type I defects, and the sizes of type II defects with facets are
significantly larger than those of type I defects. In addition, the sizes of
type I defects that were observed on the fracture surface but did not
result in crack initiation at R = 0.5 are close to the sizes of type I defects
observed in the crack initiation region at R = − 1. Because the distri
bution of defect sizes in every specimen of the present batch is statisti
cally the same, thus it is suggested that the state of stress ratio (mean
stress) may alter the crack initiation mechanism. A fatigue crack may
originate from a relatively smaller type II defect to form a facet domain
surrounding the defect as shown in Fig. 6b, although the prevalence of
relatively larger type I defects in the specimen. It is inferred that the high
level of mean stress causes the occurrence of a crystallographic facet
from the type II defect and the new formed facet defect becomes more
fatal in the fatigue damage than the existed type I defects.
The change of crack initiation mechanism from type I to type II de
fects has following reasons. On the one hand, the shape of defect in
fluences the process of crack initiation. Because the specimens were
fabricated in the vertical direction, the axis of the defects are normal to
the loading direction [39] and the irregular defect possesses sharp edges,
which tend to increase local stress concentration at the tip of a sharp
edge. On the other hand, the crack closure effect also influences the
process of crack initiation. For the case of R = 0.5, the maximum stress
σ max is larger than that of R = − 1 and the crack tip is always under the
state of opening stress, which promotes the facet formation. While for
the case of R = − 1, the compressive part of the far field stress induces the
compressive stress at the localized field of initiated crack surfaces to
cause crack closure [29], which may retard facet formation, i.e., type I

3.2. Two types of defects to induce crack initiation
From Figs. 4–6, two types of defects were observed at crack initiation
sites. It is defined that type I defect is the lack-of-fusion defects with
regular shape (almost equiaxed), which induced crack initiation in HCF
and VHCF regimes for the stress ratio of R = − 1 as shown in Fig. 4a, b
and Fig. 5, and in HCF regime for the stress ratio of R = 0.5 as shown in
5
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underneath the fracture surface (Fig. 8a) are shown in Fig. 8b-d. All the
SAD patterns are regular isolated spots, indicating a single grain for
every detected area. Therefore, it can be inferred that no microstructural
changes occurred in the crack initiation site for the specimens failed in
HCF regime at R = − 1.
Fig. 9 shows the TEM images of profile samples P2 and P3 extracted
from the fracture surface of the specimen failed in VHCF regime at R =
− 1, and the related SEM images of the broken specimen are shown in
Fig. 5a and b. Sample P2 was extracted close to the internal defect inside
the RA region, and sample P3 was extracted outside the RA region so
that the microstructure characteristics both inside and outside the RA
region can be examined. The BF image of sample P2 shown in Fig. 9a
presents the microstructure feature underneath the RA region. It is seen
that the microstructure is refined and the original lamellar feature dis
appears in the region underneath the fracture surface and above the
dotted line. The dark-field (DF) image of sample P2 is shown in Fig. 9c. A
layer containing many scattered bright micro-regions each with tens of
nanometers is displayed near the fracture surface, suggesting the for
mation of nanograins underneath the fracture surface in the RA region.
The thickness of the nanograin layer is between 500 and 1500 nm.
Further, Fig. 9e-h show the SAD detections at the locations just under
neath the fracture surface. The SAD patterns of the four locations e, f, g
and h shown in Fig. 9a are all discontinuous diffraction rings, indicating
there are several grains in every diffraction area (200 nm in diameter),
which confirms the existence of nanograins. The formation of nano
grains in the RA region is likely caused by the cyclic compression of the
crack surfaces during the fatigue process. Therefore, for the case of crack
initiation from internal defect in VHCF regime at R = − 1, all results of
the BF image, DF image and SAD patterns reveal the microstructure
refinement and nanograin formation underneath the fracture surface in
the RA region.
The microstructure feature of sample P3 is different from that of
sample P2. Fig. 9b presents the BF image of sample P3 in the location
just underneath the fracture surface outside the RA region, in which the
original lamellar microstructure is presented. This result is similar to
that of sample P1. The DF image of sample P3 (Fig. 9d) shows a more
distinct morphology of original coarse grains, indicating no grain
refinement occurred underneath the fracture surface outside the RA
region. The SAD patterns (Fig. 9i-l) underneath the fracture surface are
isolated spots, indicating that there is only one grain within the
diffraction area. Therefore, it is inferred that no microstructure refine
ment and nanograin formation occurred underneath the fracture surface
outside the RA region in VHCF regime at R = − 1.
Fig. 10 shows the TEM images of samples P4 and P5 extracted from
the fracture surface of the specimen failed in VHCF regime at R = 0.5.
The related SEM images of the failed specimen are shown in Fig. 6d–f. As
indicated in the previous section, for the specimens failed in the VHCF
regime at R = 0.5, a facet formed surrounding the defect in the crack
initiation region. As shown in Fig. 6f, sample P4 was extracted from the
facet area near the defect, and sample P5 was extracted just outside the
facet domain. Fig. 10a and b show the BF images of samples P4 and P5,
respectively. Both BF images of the two samples display the original
lamellar microstructure. The SAD patterns of sample P4 (Fig. 10e–h) and
sample P5 (Fig. 10i–l) underneath the fracture surface are regular iso
lated diffraction spots, suggesting a single grain for every detected area.
Therefore, it can be inferred that the process of microstructure refine
ment and nanograin formation does not occur in the crack initiation
region for the specimen experienced VHCF at R = 0.5.
The results that nanograins formed in the crack initiation region
under negative stress ratio (R = − 1) while disappeared under positive
stress ratio (R = 0.5) can be explained by the mechanism of “numerous
cyclic pressing” (NCP) model [16,30]. For the case of negative stress
ratio, the microstructure underneath the fracture surface inside the RA
region is refined and there exists a nanograin layer with several hundred
nanometers in thickness. The formation of nanograins can be ascribed to
the severely contacting actions between the crack surfaces under

Fig. 8. Microstructure characterization at crack initiation site in HCF regime at
R = –1, σa = 300 MPa, Nf = 4.29 × 105: (a) BF image of sample P1; (b-d) SAD
patterns at the locations underneath the fracture surface marked in (a).

defect is not a preferred spot for facet formation. In short, this investi
gation first reveals that two types of defects participate in the process of
fatigue crack initiation for the SLMed Ti-6Al-4V. Type I defects (almost
equiaxed) are the hot spots of crack initiation for the cases of R = − 1
experienced HCF and VHCF, and those of R = 0.5 experienced HCF. Type
II defects (large aspect ratio) act as crack origins only for the cases of R
= 0.5 experienced VHCF, in which a facet domain of crack initiation
zone prevails. This is a distinct crack initiation mechanism for the SLMed
titanium alloy.
3.3. Microstructure refinement and nanograin formation at crack
initiation region for VHCF under R = − 1
For the purpose of detailed revelation of the microstructure charac
teristics in the crack initiation and early growth region under different
stress ratios, five profile samples (P1, P2, P3, P4 and P5 shown in
Figs. 4–6) were extracted from three fracture surfaces via FIB. Sample P1
was cut from the failed specimen (σa = 300 MPa, Nf = 4.29 × 105) as
shown in Fig. 4b, which failed due to surface defect in HCF regime at R
= − 1 without RA feature in crack initiation region. Samples P2 and P3
were cut from the failed specimen (σa = 250 MPa, Nf = 1.85 × 108) as
shown in Fig. 5b, which failed due to internal defect in VHCF regime at
R = − 1 with clear RA morphology in crack initiation region. Samples P4
and P5 were cut from the failed specimen (σa = 90 MPa, Nf = 1.26 × 108)
as shown in Fig. 6f, which failed due to internal defect in VHCF regime at
R = 0.5 with the facet domain surrounding the defect.
Fig. 8 illustrates a TEM image with SAD examinations of sample P1
that was extracted from the specimen failed in HCF regime at R = − 1,
and the location of the TEM sample is just outside the surface defect as
shown in Fig. 4b. The bright-field (BF) image of sample P1 shown in
Fig. 8a presents the profile microstructure morphology underneath the
selected location. It is seen that the feature is the original lamellar
microstructure. The SAD patterns for the circular domains just
6
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Fig. 9. Microstructure observations of samples P2 and P3 cut from fracture surface of the specimen failed in VHCF regime at R = –1, σa = 250 MPa, Nf = 1.85 × 108.
(a) BF image of sample P2, (b) BF image of sample P3, (c) DF image of sample P2, (d) DF image of sample P3, and (e-l) SAD patterns at the locations underneath the
fracture surface marked in (a) and (b).

negative stress ratio cases with sufficient loading cycles. While for the
cases of negative stress ratio in HCF regime and positive stress ratio in
VHCF regime, no nanograins were found underneath the crack initiation
region. This is another distinct crack initiation mechanism for the SLMed
titanium alloy. This result together with our newly observations [40] is
the first revelation of microstructure refinement and nanograin forma
tion in the crack initiation region of the SLMed materials subjected to
VHCF at R = − 1.

model:

σ a,eq = σ max

√̅̅̅̅̅̅̅̅̅̅̅̅
1− R
2

(2)

where σmax is the maximum stress.
The P-S-N curves taking into account the defect size distribution
were established according to the following equation [44]:
(
)
(
)]
[
x − μX t
x − μX t
F Y (y; x) = FY,HCF (y; x)F Xt
+ FY,VHCF (y; x) 1 − FXt

σXt

3.4. Fatigue strength prediction model
In order to address the effect of stress ratio R on the VHCF responses
of the SLMed Ti-6Al-4V, a model [41,42] was introduced to describe the
fatigue life based on the obtained S-N data and the distribution of defect
sizes. For this, the P-S-N curves at different stress ratios were first
established and the VHCF strength was estimated by the model. The
modeling steps are as follows.
Considering that both mean stress and stress amplitude have effects
on the VHCF performance, we adopted the equivalent stress amplitude
σ a,eq to establish the P-S-N model. According to Ref. [43], σ a,eq for
different stress ratios is computed by “Smith-Watson-Topper” (SWT)

where
FY,HCF (y; x) =

σXt

(3)

( √̅̅̅̅̅̅̅̅̅̅̅ ) )
∫∞ (
y − μY,HCF x, aread
⋅
Φ

σY,HCF

0

(√̅̅̅̅̅̅̅̅̅̅̅
̅̅̅̅̅̅̅̅ ) √̅̅̅̅̅̅̅̅̅̅̅
aread − μ√area
d
f LEV
d aread is the cumulative distribution function
√
̅̅̅̅̅̅̅
̅
σ area
d

(cdf) of the finite fatigue life y in HCF regime, and FY,VHCF (y; x) =

∫∞
0
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Fig. 10. Microstructure observations of TEM samples P4 and P5 cut from fracture surface of the specimen failed in VHCF regime at R = 0.5, σ a = 90 MPa, Nf = 1.26
× 108. (a) BF image of sample P4, (b) BF image of sample P5, (c) DF image of sample P4, (d) DF image of sample P5, and (e-l) SAD patterns at the locations un
derneath the fracture surface denoted in (a) and (b).

Fig. 11. Predicted P-S-N curves compared with experimental S-N data for the SLMed Ti-6Al-4V under two stress ratios: (a) R = –1, and (b) R = 0.5.
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Fig. 12. (a) Pdfs for VHCF strength (Nf = 109 cycles) of the SLMed Ti-6Al-4V specimens and (b) ecdf for the difference between the VHCF strength.

Φ

( √̅̅̅̅̅̅̅̅̅̅̅ ) )
(
y − μY,VHCF x, aread

σ Y,VHCF

⋅f LEV

(√̅̅̅̅̅̅̅̅̅̅̅
̅ ) √̅̅̅̅̅̅̅̅̅̅̅
aread − μ√̅̅̅̅̅̅̅
aread
d aread is the cdf
̅
σ√̅̅̅̅̅̅̅
area

were estimated by Monte Carlo method with 100,000 values of x from
Eq. (3). In order to identify whether the difference between the fatigue
strength at 109 cycles is statistically significant, the empirical cumula
tive distribution function (ecdf) [25] of the difference for the stress
amplitude under two stress ratios was calculated based on the cdfs.
Fig. 12b shows the variation of obtained ecdf with stress amplitude,
indicating the variation of the difference in stress amplitude between the
two stress ratios at Nf = 109 cycles. Obviously, the 5% quantile of the
ecdf for the difference between the VHCF strength is much larger than
zero. This also indicates that with the confidence level larger than 95%,
the stress amplitude at Nf = 109 cycles under R = − 1 is much larger than
that under R = 0.5, which confirms that the difference between fatigue
strength at 109 cycles under the two stress ratios based on the P-S-N
model is significant. Therefore, the stress ratio considerably affects the
VHCF response of the investigated SLMed Ti-6Al-4V. The introduced
model taking into account the S-N data and the defect size distribution
can well describe the fatigue strength at Nf = 109 cycles.

d

of the finite fatigue life y in VHCF regime. The fatigue life y is the log
arithm of the number of cycles to failure (y = log10 Nf ) and x is the
logarithm of the equivalent stress amplitude σa,eq . Xt is the transition
stress of each specimen, which follows the normal distribution with
)
(
√̅̅̅̅̅̅̅̅
y− μY,HCF (x, aread )
mean value μXt and standard deviation σXt . Φ
is the cdf
σY,HCF
√̅̅̅̅̅̅̅̅̅̅̅
of the normally distributed conditional finite fatigue life y, aread is the
( √̅̅̅̅̅̅̅̅̅̅̅ )
√̅̅̅̅̅̅̅̅̅̅̅
initial defect size, μY x, aread = cY + mY x + nY log10 aread , and σY is
(√̅̅̅̅̅̅̅̅ √̅̅̅̅̅̅̅ )
aread − μ area
d
the standard deviation. fLEV
is the probability density
̅
σ√̅̅̅̅̅̅
aread
√̅̅̅̅̅̅̅̅̅̅̅
function (pdf) of the initial defect size aread , which follows the largest
̅
extreme value (LEV) distribution [44] with parameters μ√̅̅̅̅̅̅̅
aread and
̅
σ √̅̅̅̅̅̅̅
,
as
shown
below
area
d

√̅̅̅̅̅̅ √̅̅̅̅̅̅
(√̅̅̅̅̅̅̅̅̅̅̅
aread − μ area
̅̅̅̅̅̅̅̅ )
d
aread − μ√area
1
d
σ √̅̅̅̅̅̅
aread
fLEV
e
⋅e−
=
̅̅̅̅̅̅̅̅
̅̅̅̅̅̅̅̅
σ √area
σ√area
d

√

e

̅̅̅̅̅̅
aread − μ√̅̅̅̅̅̅
̅̅̅̅̅̅daread
σ√area

(4)

4. Conclusions

d

The coefficients of the mean fatigue life μY and the standard deviation σ Y
in HCF and VHCF regimes have been estimated through a multiple linear
√̅̅̅̅̅̅̅̅
regression. The coefficients (μ√̅̅̅̅̅̅̅̅
aread , σ aread ) of the LEV distribution were

The fatigue behavior up to VHCF regime under two stress ratios of R
= − 1 and 0.5 for an SLMed Ti-6Al-4V was investigated and the crack
initiation mechanisms at HCF and VHCF regimes were explicitly
addressed. The main findings are as follows:

estimated through the application of the maximum likelihood principle
by considering the defect size data. For the case of R = − 1, two LEV
√̅̅̅̅̅̅̅̅̅̅̅̅
distributions for defect size aread in HCF and VHCF regimes were
considered. While for the case of R = 0.5, only one LEV distribution for
√̅̅̅̅̅̅̅̅̅̅̅̅
all defect size aread was considered, regardless of fatigue life regime.
Finally, the mean value μXt and the standard deviation σ Xt of the tran
sition stress were estimated through the application of the maximum
likelihood principle by considering Eq. (3) and all failed as well as
runout specimens.
Fig. 11 presents the estimated P-S-N curves obtained by the model
and the experimental S-N data for the SLMed Ti-6Al-4V under two stress
ratios. It is seen that the 0.05-th, the 0.50-th and the 0.95-th quantiles
(95% confidence interval) of the P-S-N curves show the good qualitative
agreement with the experimental S-N data, which indicates that the
fatigue life model can well describe the relationship among the fatigue
strength, fatigue life, defect size and stress ratio for the SLMed Ti-6Al-4V
subjected to the fatigue loading up to VHCF regime.
Then, for a proper and reliable assessment of the effect of stress ratio,
the pdfs and the cdfs of the fatigue strengths at Nf = 109 cycles were
estimated and compared with the experimental S-N data. The pdfs were
calculated by deriving Eq. (3) with respect to y and then by settingy = 9
(Nf = 109). Fig. 12a shows the estimated pdfs for the fatigue strength
(stress amplitude) at Nf = 109 cycles. The estimated VHCF strength fits
well the experimental S-N data. It is seen that the mean stress amplitude
at Nf = 109 cycles decreased from 214 MPa at R = − 1 to 80 MPa at R =
0.5, indicating that the stress ratio significantly influences the VHCF
strength. In addition, the cdfs for the stress amplitude at Nf = 109 cycles

(1) Fatigue cracks initiated from lack-of-fusion defects in the SLMed
Ti-6Al-4V. Surface defects caused crack initiation in HCF regime,
and internal defects caused crack initiation in VHCF regime for
both R = − 1 and 0.5, with an RA feature surrounding the crack
origin for R = − 1, and without RA in the initiation site for R =
0.5.
(2) Two types of lack-of-fusion defects induced crack initiation. Type
I defects (almost equiaxed) were the initiation sites for all cases at
R = − 1 and those of HCF at R = 0.5. Type II defects (large aspect
ratio) with smaller equivalent size became the hot spots of crack
initiation for the cases of VHCF at R = 0.5, and a facet domain
formed surrounding the crack origin. This is ascribed to the high
maximum stress in the cases of R = 0.5.
(3) The RA region is a nanograin layer only in the crack initiation
region for the cases of VHCF under R = − 1, which can be well
explained by the NCP model. The compressive stress at the
localized field of initiated crack surfaces caused crack closure,
which promoted the grain refinement.
(4) A P-S-N model was introduced to describe the fatigue strength
and fatigue life. The obtained P-S-N curves at different failure
probabilities (5%, 50%, 95%) can well describe the S-N data
under R = − 1 and 0.5, and the fatigue strength at Nf = 109 cycles
is well estimated.
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