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a b s t r a c t 

Diffusion in the traditional single-crystalline solids is usually dynamically homogeneous characterized by 

a single-value or two characteristic activation energies. However, such a scenario breaks down at atomic- 

scale in the recently advanced high-entropy alloys, which are of unique structural features with multi- 

principal elements randomly occupying on lattice sites that induces strikingly local chemical heterogene- 

ity. Here we uncover and decouple the possible dynamic heterogeneity accommodating the lattice diffu- 

sion in an archetypical high-entropy Cantor alloy CoCrFeMnNi via combined molecular statics, molecular 

dynamics, and a saddle-point sampling method. Wide distribution of vacancy formation energies and mi- 

gration energies are revealed. We propose a single-vacancy and a vacancy-saturated model, respectively, 

to set up possible lower bound and upper bound of diffusivities. The models define a possible range of 

activation energies for the lattice diffusion in high-entropy alloys, which are comparable to experimental 

data. Finally, we argue that the conventional hypothesis of diffusion activation energy estimated from Ar- 

rhenius equation as the sum of the vacancy formation energy and migration energy becomes intractable 

in high-entropy alloys. These atomic-scale insights into diffusion heterogeneity, in contrast to the classi- 

cal theory of homogeneous diffusion in conventional solid solutions, highlight the complexity of diffusion 

pathways and the intimate correlation between chemical, topological disorder and dynamic heterogeneity 

in the generic complex concentrated alloys. 

© 2021 Acta Materialia Inc. Published by Elsevier Ltd. All rights reserved. 
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. Introduction 

Diffusion is a basic mass transport mechanism in matters in- 

olving the motion of individual atom or collective atom groups 

t atomic scale [1] . Diffusion plays an important role in the phase 

tability and plastic deformation of materials, in particular, at a 

ervice condition of low stress and high temperature, e.g., the so- 

alled creep deformation characterized by extremely low strain 

ate [2] . Thus, diffusion occupies a specific, yet significant, regime 

n the well-established Ashby deformation mechanism map of the 

rystalline solids [3] . 

In the conventional crystalline solids, e.g., metals and alloys, 

he diffusion mechanism has been well understood through atomic 

otion mechanisms either in the form of vacancy, or interstitial 

efect. The frequency of atomic motion is closely related to critical 

oncept of diffusion coefficient, D , which measures how quick the 

iffusion event is. The diffusion coefficient is usually described in 

n empirical Arrhenius form 

 ( T ) = fg a 2 ν( T ) , (1) 
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here f is a correlation factor considering the reversed atomic 

otion during diffusion, e.g., f = 0 . 787 in the conventional face- 

entered cubic (FCC) lattice [1] , but becomes element specific in 

ulti-component alloy [ 4 , 5 ]. g is a geometric factor of the order 

f unity in a cubic-symmetry lattice. a is the hopping distance of 

 diffusion defect along a possible diffusion path. And finally, ν is 

he frequency of the diffusion event which is temperature T and 

ressure dependent. In the framework of harmonic transition state 

heory (TST) [6] , the frequency is depicted as 

( T ) = ν0 exp 

(
�S 

k B 

)
exp 

(
− �E 

k B T 

)
. (2) 

ere ν0 is an attempt frequency of the order of atomic vibration 

 ∼10 13 Hz). k B is the Boltzmann’s constant. �S is the activation en- 

ropy of diffusion due to the variation of vibrational state at saddle 

oint, which is usually of a few k B s that is less relevant to diffusiv-

ty compared with the activation energy �E. The latter is usually 

p to several tens of k B T s at ambient temperature, and therefore 

redominantly determines the magnitude of diffusivity. Note that 

he rate of a diffusion event is relevant to the Helmholtz free en- 

rgy �F = �E − T �S via D (T ) ∝ exp ( �S 
k B 

) exp ( − �E 
k B T 

) in the case of

ull pressure, according to Eq. (2) . Therefore, only consideration of 

E is incomplete in principle in the description of diffusion kinet- 

https://doi.org/10.1016/j.actamat.2021.117527
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cs. There usually exists an empirically enthalpy-entropy compen- 

ation which indicates proportionality between �S and �E, even 

n high-entropy alloy [7] . This correlation brings out a complex 

cenario in diffusion kinetics, i.e., diffusivity is not purely deter- 

ined by activation energy, but it is a combined function of activa- 

ion energy (or enthalpy of diffusion without existence of pressure) 

nd the pre-exponential factor. The latter is a function of activa- 

ion entropy �S. On the one hand, a larger activation energy gives 

ower diffusivity according to Eq. (2) . On the other hand, larger ac- 

ivation energy is usually correlated with larger activation entropy, 

hich will increase the diffusion kinetics, on the contrary. Con- 

equently, activation energy is sometimes misleading because the 

low-moving element can also exhibit lower activation energy by 

imultaneously exhibiting the lower value of pre-exponential fac- 

or because of D (T ) = f ( �E, �S ) . 

The traditional understanding of diffusion in solids mostly relies 

n �E, which is usually a definite single-value parameter within 

 finite temperate range if the atomic-scale mechanism is invari- 

nt. For example, �E = 2 . 0 eV quantifies the kinetics of vacancy

iffusion mechanism in bulk single-crystalline copper. To clarify a 

pecific plastic mechanism, if one measures the activation energy 

f this order of magnitude, from either experiment or computer 

imulation, it can be postulated empirically that the atomic-scale 

lastic mechanism is lattice diffusion. In comparison, if one has the 

nowledge of a much smaller activation energy of �E ∼ 0 . 6 eV in

opper [8] , it is presumably to be grain boundary diffusion, which 

s treated as a short-circuit diffusion path in polycrystals. Note that 

ometimes it is necessary to have multiple distinct activation ener- 

ies due to the appearance of different diffusion mechanisms and, 

herefore, leading to the non-Arrhenius like behavior of diffusion. 

ne known example of a pure element is iron, which presents a 

urvature of the temperature dependence of lattice diffusion at the 

ransition temperature of the different magnetic states [9] . Other 

xamples are alloys like TiAl [10] or NiAl [11] materials with hcp 

rystalline structure. Very recently, it becomes aware that a non- 

rrhenius temperature dependence of lattice diffusion of the con- 

tituent elements in a prototypical multicomponent alloy [5] . As a 

esult, it is urgent to understand the atomic-scale mechanism of 

iffusion heterogeneity in complex concentrated alloy. 

However, such a conventional scenario of diffusion with a mul- 

iple distinct activation energies become intractable in a category 

f new metals, i.e., the recently emerging and greatly advanced 

ulti-principal-element, or complex concentrated, or mostly dy- 

amically termed high-entropy alloys (HEAs) [12–19] . In the high- 

ntropy alloys, there are usually more than five principal elements 

hat occupy randomly on a specific lattice site, e.g., FCC or BCC, 

hich inevitably brings about chemical and structural heterogene- 

ty at nanoscale in the alloys [ 20 , 21 ]. On the one hand, high-

esolution transmission electron microscopy has observed pro- 

ounced local chemical order (LCO) in several medium-, or high- 

ntropy alloys [22–27] . The LCO induces either strengthening or 

oftening effect in the complex metals and extreme multiplicity of 

islocation pathways [ 23 , 24 , 26 ]. On the other hand, computer sim-

lations of both atomic- and electronic-scale have revealed a wide 

pectrum of stacking fault energies and Peierls stresses in a spe- 

ific high-entropy alloy [ 21 , 28 ], which is in strong contrast with

onventional solid solutions with one unique value of a physical 

uantities. All the information points to a unique structural fea- 

ure of the generic high-entropy alloy, namely, the atomic-scale 

eterogeneity in terms of both topology and dynamics [29] . How- 

ver, the latter has rarely been touched in literature, due to the 

xtreme challenge of an in situ observation of dynamic process 

ith atomic-scale resolution [26] , especially in the case of diffu- 

ion which involves participation of only one or several atoms. 

One the most intriguing phenomenon is the so-called sluggish 

iffusion which is deemed as one of the major high-entropic ef- 
2 
ects in HEAs [ 30 , 31 ], although the concept is still controversial

 4 , 32 , 33 ]. The nominal random distribution of elements on lat-

ice site actually induces inhomogeneous lattice distortion locally 

 34 , 35 ], which sometimes yields a sluggish diffusion mechanism in 

he complexly distorted lattice field owing to the strain or stress 

ncompatibility [36–42] . Then a question naturally arises whether 

he conventional scenario of diffusion obtained from usual met- 

ls and alloys stands robustly in the high-entropy alloys. At least, 

n analogy to stacking fault energy, the activation energy of diffu- 

ion should not be a single-value parameter, due to existence of 

he short-range structural heterogeneity [ 5 , 7 , 43 ]. Experimentalists 

ave used interdiffusion technique and/or direct radiotracer diffu- 

ion measurement to study the mass transport mechanism in both 

attice (bulk) and grain boundary of high-entropy alloys [ 4 , 5 , 7 , 44–

8 ]. However, the understanding is still of a mean-field sense, with 

 typical single-value activation energy. Such works indeed cap- 

ure a key feature of large activation energy of lattice diffusion of 

he order of 3–4 eV, which is corresponding to the sluggish dif- 

usion with low diffusion coefficient. Since a phenomenon of non- 

rrhenius diffusion has been clearly noticed in the quinary high- 

ntropy Cantor alloy [5] , it is interesting to understand the mi- 

roscopic mechanism and quantify the diffusion heterogeneity in 

EAs. Recent atomistic simulations and Monte Carlo modellings of 

iffusion in multi-principal-element alloys shed light on settling 

his issue [ 4 , 21 , 28 , 43 ]. 

To exploit atomic-scale mechanism, in particular, the dynamic 

eterogeneity of diffusion in HEAs, we perform molecular dynam- 

cs (MD) simulations to investigate the diffusion mechanism of 

 model Cantor alloy, i.e., the five-component equiatomic CoCr- 

eMnNi alloy, that has been extensively studied as a benchmark 

ystem in the community. The diffusion heterogeneity will be ex- 

ressed as a wide range of vacancy formation energies and migra- 

ion energies in the case of lattice diffusion. Handshake with the 

xperimental mean-field physical parameters is discussed. The dy- 

amic heterogeneity adds new knowledge to the theory of diffu- 

ion in solids, which is expected to be generalized for the generic 

omplex concentrated alloys. 

. Methodology 

.1. Atomic model and molecular dynamics 

An equimolar five-component high-entropy Cantor alloy, CoCr- 

eMnNi, is used in the MD simulations as a model of the general 

ulti-principal-element alloys. The atomic structure is shown in 

ig. 1 (a). A full random occupation of lattice site is considered, thus 

enerating a high-entropy alloy of the ideal mixing configurational 

ntropy (upper bound of entropy). The single-crystalline model is 

f FCC, which contains approximately 100 000 atoms, with de- 

igned dimensions of 107.85 × 107.85 × 107.85 Å 

3 . Note that the 

resent random model does not account for the concept, e.g., role 

f enthalpy of mixing in clustering or heterogeneity. Therefore, 

roper development of chemical short-range order or phase sep- 

ration is suppressed. The role of structural ordering in diffusion 

ynamic of HEA deserves further study. 

The atomic interaction in the model is described by a second 

earest-neighbor modified embedded-atom method (MEAM) po- 

ential [43] . This empirical potential gives rise to a list of reason- 

ble physical properties that enables it to be widely used to study 

he diffusion behavior and mechanical deformation of the present 

oCrFeMnNi alloy. Especially the alloying effect was testified well 

or the critical resolved shear stress. The deformation twinning 

henomenon at cryogenic temperature was also reproduced by this 

otential [43] . The sluggish diffusion phenomenon was also ratio- 

alized by the appearance of stable vacant lattice sites with large 

igration energy as trap positions. Finally, after stress relaxation 



Y.-Z. Wang and Y.-J. Wang Acta Materialia 224 (2022) 117527 

Fig. 1. Atomic model of the Cantor alloy. (a) Visualization of the atomic configuration of the CoCrFeMnNi alloy. (b) Generating 100 vacancies in the model by randomly 

removing 100 atoms, with each component 20 atoms, respectively. The shown vacancies are recognized by Wigner-Seitz defect analysis. (c) Visualization of the vacancies by 

their 12 nearest neighbor atoms. Red, blue, yellow, pink and green balls represent Co, Ni, Cr, Fe and Mn atoms, respectively. The scale bar is 10 nm. 
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nd energy minimization, the potential yields lattice parameter of 

.595 Å, which is in agreement with experimental value 3.59 [49] . 

In order to observe the lattice diffusion mechanism, we remove 

 fraction of atoms to make lattice vacancies. For a first approxi- 

ation, the equilibrium vacancy concentration (0.1%) at the melt- 

ng temperature is introduced [50] . As such it is reasonable to 

andomly remove 100 atoms (20 for each element) from the per- 

ect FCC lattice (with 10 0 0 0 0 atoms), which generates a vacancy-

aturated model at relatively lower temperature than the melting 

oint. However, this operation gives to an upper limit of the lat- 

ice diffusivity, which is in contrast with the one-vacancy model 

hat sets the lower bound for diffusivity. To speed up diffusion, we 

dopt a smaller model with about 10 0 0 0 atoms in order to no-

ice pronounced diffusion behavior with finite MD time window, 

.g., 10 ns. Then an experimental diffusivity should between the re- 

ults of the two models – the vacancy-saturated and one-vacancy 

odel. Then we use a conjugate gradient algorithm to energetically 

inimize the position of atoms in the vacancy-saturated model. 

he vacancy-saturated model is further shown in Figs. 1 (b) and 

(c), with clear visualization of the random positions of vacancies, 

fter removing the perfect FCC atoms for clarity. Atomic visualiza- 

ion is performed by OVITO software [51] . The vacancies are identi- 

ed by the Wigner-Seitz cell method in Fig. 1 (b) and the common 

eighbor analysis [52] in Fig. 1 (c). 

For the MD simulations of diffusion, we adopt a canonical en- 

emble with periodic boundary conditions in the three directions. 

he time step for integration of Newtonian equation of motion 

n MD is 2 fs. The temperature and pressure are controlled by 

he Nosé–Hoover thermostat [ 53 , 54 ]. The diffusion is observed via 

tomic motion at a temperature range between 1300 K and 1600 K, 

ith interval of 50 K. Note that the melting point of this MEAM 

otential for Cantor alloy is calculated to be 1910 K by MD, which 

s much higher than that of the experimental data 1607 K. In or- 

er to make the simulations relevant to experimental studies of 

iffusion, we restrict the MD simulations of diffusion at tempera- 

ure below 1600 K. Before tracing the mean-squared displacement 

MSD), the model is heated to a targeted temperature with a rea- 

onable duration of thermal equilibration. 

.2. Minimum energy pathway of vacancy diffusion 

The possible minimum migration energies of a vacancies are ex- 

austively explored with the activation-relaxation technique nou- 

eau (ARTn) [55–57] . ARTn is a kind of generic approach to study 

he thermally activated local structural excitations involving rear- 

angement of atoms which are usually rare events for atomistic 

imulations. Compared with the classical MD, it can deal with sim- 

lations on a much longer timescale that is relevant to the experi- 
3 
ental conditions [ 58 , 59 ]. An ART event is defined as a hopping

rocess from a local energy minimum to the neighboring mini- 

um, after crossing a potential energy barrier on the potential en- 

rgy landscape [ 60 , 61 ]. Here the diffusion pathway is along 12 pos-

ible directions guided by the nearest-neighbor positions of a va- 

ancy along the 〈 111 〉 crystallographic direction [62] . Starting with 

 specific vacancy, the initial perturbation with amplitude of 0.05 Å 

s performed on the vacancy’s 12 nearest neighbors by setting an 

ffected cutoff distance of 2.5 Å (separating the nearest and 2nd 

earest neighbors). The initial direction of displacement is random, 

hus, guarantee a thorough exploration of reaction pathways. After 

hich, the configuration is dragged along the weakest direction of 

he high-dimensional Hessian space until the curvature of the in- 

estigated pathway is smaller than −0.30 eV/ ̊A 

2 . Then the config- 

ration is pushed to the saddle point by the Lanczos algorithm. 

inally, the vacancy is relaxed to a neighboring position after en- 

rgy minimization. The migration energy is thereafter defined as 

he energy difference between the saddle configuration and ini- 

ial energy minimum state. Activation of each atom for 10 times 

nd therefore there are altogether 11 990 migration events in the 

acancy-saturated model. Since the chemical environment of each 

acancy is unique, there is anticipated to be a reasonable range of 

igration energies for each element. 

. Results 

.1. Atomic-scale dynamic heterogeneity from trajectories 

To gain a preliminary insight into the diffusion heterogeneity 

n high-entropy alloy, we trace the trajectories of each type of el- 

ment in both the one-vacancy and vacancy-saturated model af- 

er running canonical MD for 10 ns at 1600 K. For this purpose, 

e select a slice of atoms normal to z : [ 001 ] direction for visual-

zation. Therefore, it is an operation of projection of 3D diffusion 

attern on the xy plane. The trajectories of atoms are shown in 

ig. 2 . In the case of one-vacancy model, most of the atoms are vi-

rating around their equilibrium positions as shown in Fig. 2 (a). A 

ew atoms, in particular the Mn and Co ones, have escaped from 

heir initial positions, travelling some proper distance which indi- 

ates diffusion happens during the 10 ns MD time. In the case of 

acancy-saturated model, a significant fraction of the atoms has 

xperienced diffusion events via migration of random vacancies. 

t is expected that the pattern shown in Fig. 2 (a) will become 

like that of Fig. (b) if time is long enough to allow the single va-

ancy travel across the whole sample. The most intriguing feature 

f the observation is that there exists strongly difference in the 

opping distances of different elements. It is obvious that Mn and 

o atoms diffuse longer distance than the other elements. It means 
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Fig. 2. Diffusion heterogeneity illustrated by the trajectories of atoms during a canonical MD simulation for 1 ns. (a) Atomic model with one vacancy, and (b) vacancy 

saturation model with 100 random vacancies, respectively. The shown slice is of 107.85 Å thickness along the z : [ 001 ] direction. A scale bar of 1 nm is shown in the left 

bottom corner of each panel. 

Fig. 3. Mean-squared displacement of all atoms and each type of atom in the (a) one vacancy, and (b) vacancy-saturated model, which set up lower and upper bound of 

diffusivities, respectively. The apparent diffusivities are estimated from the slopes of these curves by linear fit according to Eq. (3) . 
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hat these atoms are dynamically more active than the rest, which 

ill be argued quantitatively later with activation energy of the 

hermal activation event. As a result, Fig. 2 intuitively demonstrates 

he dynamic heterogeneity of lattice diffusion in high-entropy al- 

oy, in sharp contrast with the scenario of homogeneous lattice dif- 

usion in conventional metals and alloys. 

.2. Define a possible regime of diffusivity 

To quantitatively characterize the dynamic heterogeneity, we 

urn to the physical parameters that are relevant to lattice diffu- 

ion – diffusion coefficient and activation energy – which can be 

xtracted from the Arrhenius relationship used to depict the ther- 

ally activated material processes. Fig. 3 shows the MSD–time re- 

ationship curves of all atoms, and the specific category of atoms, 

t different tem peratures. The testing temperature range is be- 

ween 1300 and 1600 K, which is below the experimental melt- 

ng point 1607 K. The interval of observation temperature is 50 K. 

or the MD duration of 10 ns, the MSDs have established linear 

elationship with time. The faster the MSD curve rises, the eas- 

er the atoms diffuse. It is obvious that the MSDs in the vacancy- 

aturated model are much bigger than those of the one-vacancy 

odel, which is in accord with the diffusion patterns shown in 
4 
ig. 2 . In both upper and lower panel, the MSDs of Mn atoms rise

ith the fastest speed amongst the five elements, while the MSDs 

f Ni rise the slowest. It indicates Mn is more active than Ni, which 

s also in agreement with the observation of trajectories shown in 

ig. 2 . Furthermore, MSDs increase faster with increasing tempera- 

ure, especially at 1600 K. This trend is straightforward since diffu- 

ion is a thermally activated process which is accelerated by rising 

emperature. 

The apparent MD diffusivity D 

∗(T ) of each element at temper- 

ture T are calculated according to the Einstein relation by taking 

erivative of MSD with respect to time, i.e. 

 

∗( T ) = 

〈 | r ( τ ) − r ( 0 ) | 2 〉 
6 τ

, (3) 

here r (τ ) and r (0) are the position vectors of atoms. τ = 10 ns

s the time duration of MD for tracing diffusion. The angle brack- 

ts stand for ensemble average. Therefore, the fitting data of the 

urves’ slopes in Fig. 3 yield the corresponding apparent diffusivi- 

ies. The one-vacancy and vacancy-saturated model produce lower 

ound of diffusion D lower , and upper bound D upper , respectively, for 

he lattice diffusion in the present high-entropy alloy. 

According to thermodynamics of materials, the equilibrium 

oncentration of vacancy is temperature-dependent, i.e., C(T ) = 
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Fig. 4. Arrhenius plot of diffusivities of different type of atoms in the (a) one vacancy, and (b) vacancy-saturated model, respectively. The effective activation energies of 

each type of atom are displayed in (c) for one vacancy, and in (d) for vacancy-saturated model, respectively. The error bars in (c) and (d) denote uncertainty in Arrhenius 

fits shown in (a) and (b). 
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xp ( −E f / k B T ) . However, the translation from MD calculated ap- 

arent diffusivity D 

∗(T ) to a physical diffusivity D (T ) is not in-

uitive, especially with the appearance of multiple equivalent ele- 

ents in HEAs. In the present work, the equilibrium concentration 

f vacancy of the i th element is determined after Ref. [63] , which

eads 

 i ( T ) = 

exp 

(
n − 1 − E i 

f 

k B T 

)

n + exp 

(
n − 1 − E i 

f 

k B T 

) . (4) 

Here E i 
f 

is the average value of the vacancy formation energy of 

he i th element, which will be calculated statistically in Fig. 5 . n is

he total number of elements in a HEA. Then the physical and ap- 

arent diffusivities can be connected through 

D (T ) 
D ∗(T ) 

= 

C(T ) 
C ∗( MD ) 

at any 

pecific temperature. While D 

∗(T ) and C(T ) can be calculated via 

qs. (3) and (4) , the equilibrium concentration of vacancy in the 

D model, i.e., C ∗( MD ) , has been set up to be approximately 10 −4 

nd 10 −3 in the one-vacancy, and the vacancy-saturated model, re- 

pectively. 

The corresponding effective activation energies – mean-field 

ense single-value parameters – for the lower bound �E lower and 

pper bound �E upper are both calculated according to the Arrhe- 

ius equation [combing Eqs. (1) and (2) ] via 

E = − ∂ ln D ( T ) 

∂ ( 1 /k B T ) 
. (5) 

ote that the lower bound activation energy �E lower corresponds 

o the upper bound of diffusivity in the vacancy-saturated model 

nd vice versa. 

The Arrhenius plot of the physical diffusivities against reciprocal 

emperature are shown in Fig. 4 for the two models. After transla- 
5 
ion from MD simulations to real case, the effective magnitude of 

iffusivity of all atoms in Cantor alloy is of the order of 10 −14 m 

2 /s

t 1300 K, which is a reasonable value in analogy with the ex- 

erimental data of ∼ 10 −15 m 

2 /s [ 5 , 7 ]. Furthermore, the reported 

iffusivities shown in Figs. 4 (a) and (b) are of similar magnitudes 

n both the one-vacancy and vacancy-saturated model, which il- 

ustrates the validity of the two models in predicting diffusion dy- 

amics of HEA from atomistic simulations. At any temperature in 

oth cases, the diffusion coefficient of Mn is of the largest value, 

hile the other four elements are of similar diffusivities. The dif- 

usivity of all atoms in a mean-field sense is in between the two 

roups. Finally, all the data lie well on the Arrhenius law predic- 

ion, indicating a well-defined activation energy for each element. 

In Figs. 4 (c) and (d) we show the histograms of the mean-field 

ense activation energies for each element, along with the effec- 

ive value for the whole model. In the latter case, the types of 

toms are not distinguished in both the one-vacancy and vacancy- 

aturated model, respectively. The upper bound of activation en- 

rgies in Fig. 4 (c) is almost identical to that of the lower bound 

n the vacancy-saturated model as shown in Fig. 4 (d), except the 

ase of Co which shows a difference of 0.2 eV. The lower and 

pper bounds together define a regime of possible activation en- 

rgies of diffusion in the real high-entropy sample, which can 

e benchmarked by the activation energy from experiments, e.g., 

rom the isotope tracer technique for diffusion. For example, the 

ctivation energy of Co diffusion was estimated to be 2.80 eV 

n Cantor alloy [ 4 , 7 ], which lies well in the regime of activation

nergies defined here, e.g., 2.63–2.86 eV from simulations. How- 

ver, we note that the real number of activation energy has close 

elation with the accuracy of the interatomic potential adopted 

n MD. 
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While the purpose of the present simulations and modellings is 

o provide some basic idea on the atomic-scale mechanism of dif- 

usion as well as the qualitative trend, it does capture the feature 

f distinct diffusion parameters for different elements. The conclu- 

ion is argued by the histogram of activation energies shown in 

igs. 4 (c) and (d). It is evidence of dynamic heterogeneity of the 

attice diffusion in random complex alloy, i.e., the barrier is ele- 

ent specific. In both of the one-vacancy and vacancy-saturated 

tomic models, Mn has been shown to be of the lowest activa- 

ion energy which indicates it is the most active atom in the al- 

oy. This finding is consistent with previous MD calculations with 

he same MEAM potential [43] . It is also in agreement with kinetic 

onte Carlo simulations which have found Mn is of the lowest en- 

rgy barrier among others [4] . The small activation energy of Mn 

s also evidenced by the longer hopping distance in Fig. 2 . Ni, Cr

nd Fe seem to present similar dynamics of diffusion in the alloy. 

his observation is also consistent with experimental observation 

7] . However, the behavior of Co is a bit obscure. While Co has a

imilar value of activation energy to Ni, Cr, and Fe in the vacancy- 

aturated model, it is of the largest activation energy in the one- 

acancy model, signifying the complexity of the atomic-scale dy- 

amic behavior of atoms in the complex alloy. 

In sum, the MD simulations using MEAM potential renders an 

rder of Mn >> Co ≈ Fe > Cr ≈ Ni about diffusivity in CoCrFeMnNi 

lloy at 1300 K, which is in qualitative agreement with radiotracer 

easurement in Ref. [7] , which provided an order of Mn >> Cr 

 Fe > Ni >> Co at the same temperature. In terms of activation

nergy in the surveyed temperature range, the atomistic simula- 

ions suggest an order of Co > Ni > Cr > Fe >> Mn in the one

acancy model and Ni ≈ Co > Cr ≈ Fe >> Mn in the vacancy sat- 

rated model. However, in experiment, the activation energies are 

ound to be in the order (Co ≈ Mn) > (Fe ≈ Ni) > Cr [7] . This dis-

repancy in diffusivity and activation energy implies the significant 

ole of activation entropy, i.e., the diversity in activation pathways 

nder thermal fluctuation, plays an important role in diffusion ki- 

etics of high-entropy alloys. Note that MEAM empirical potential 

n general overestimates diffusivity and underestimates activation 

nergy. Therefore, it is not capable of quantitatively simulating dif- 

usion in the present HEA. 

.3. Disentangling the dynamic heterogeneity of diffusion 

The conventional rationalization of diffusion activation energy 

rises from two aspects. One is the vacancy formation energy 

hich determines the concentration of defect at thermodynamic 

quilibrium, and the other is the vacancy migration energy which 

evels the difficulty of thermal excitation, with the two steps con- 

tituting a complete description of the diffusion dynamics. Follow- 

ng this strategy, here we begin with calculating the vacancy for- 

ation energy of any atom belonging to a specific element in the 

igh-entropy alloy according to 

 f = E v − N − 1 

N 

E bulk . (6) 

ere E v represents the potential energy of the model with one 

acancy after removing an atom (after energy minimization), and 

 bulk denotes the energy of the perfect lattice. N is the number of 

toms in the perfect lattice and, thus, E bulk /N represents the po- 

ential energy of the removed atom, i.e., the chemical potential μ. 

ue to the fact that there are five kinds of elements in the present

lloy, we use the average value of the potential energy of each type 

f atom as a reference value for the chemical potential. Since LCO 

xists in the complex alloys, the formation energy of any element 

s expected to be of an appropriate distribution instead of a unique 

alue. 

The postulation of the appearance of reasonable distribution of 

ormation energy of vacancy is evidenced in Fig. 5 (a), which re- 
6 
orts the spectra for each element. The distributions mostly lie in 

 range of 1.2–2 eV, this is in agreement with experimental value 

f 1 . 69 ± 0 . 13 eV by positron lifetime measurements [64] . Among

hem, Mn is of the smallest formation energy of vacancy, which is 

onsistent with the fact that it moves fastest, as demonstrated in 

igs. 2–4 . As anticipated, there are distinct distribution of forma- 

ion energies around the most probable value, with energy domain 

panning up to sub-eV scale. This feature applies to any constituent 

lement of the HEA. The distribution of the vacancy formation en- 

rgy signifies the atomic-scale structural heterogeneity and the as- 

ociated spatially heterogeneous bonding feature in complex alloy. 

n light of the full width at half maximum (FWHM) of the dis- 

ribution, one might judge the heterogeneity of vacancy formation 

nergy sorts in an order of Mn (0.45) > Fe (0.34) > Co (0.32) >

r (0.29) > Ni (0.24). Here the numbers in parentheses (in unit 

f eV) represent FWHM of the GaussAmp fits in Fig. 5 (a). How- 

ver, it will be shown later that such heterogeneity in vacancy for- 

ation energy is less than the heterogeneity in migration energy. 

oreover, the existence of the high formation energy vacant sites 

up to 2 eV) is critical for the sluggish diffusion, since such sites 

re thermodynamically stable and might hinder the thermally acti- 

ated motion of vacancy. Consequently, the LCO may postpone dif- 

usion and slow down global dynamics of the metastable HEA. 

In comparison to formation energy, the migration energy of dif- 

usion presents wider distribution and therefore enhances dynamic 

eterogeneity of diffusion. Here we use ARTn to search for the pos- 

ible migration energies of a vacancy for each type of atom along 

he initial random directions. Then it is converged to one of the 

inimum energy migration pathways along the nearest-neighbor 

irections of an FCC lattice, i.e., the 〈 111 〉 crystallographic direc- 

ions. Note that the migration of a vacancy actually corresponds to 

he opposite movement of a nearest-neighboring atom. Therefore, 

he migration energy can be assigned to a specific type of element. 

he explored histogram of migration energies E m 

for all the atoms 

f each type are displayed in the lower panels of Fig. 5 . In con-

rast with the spectra of vacancy formation energies, the migration 

nergies distribute with a much wider range, spanning a scope of 

pproximately 2 eV that is more than twice of that of formation 

nergies. One therefore may claim that the dynamic heterogeneity 

f lattice diffusion in complex concentrated alloys is mainly driven 

y the heterogeneity of migration energy rather than the formation 

nergy. In a quantitative manner, the sequence of dynamic hetero- 

eneity in migration energy is Co (1.00) > Cr (0.94) > Ni (0.87) 

 Mn (0.57) > Fe (0.50), here again the numbers in parentheses 

in eV) denote FWHM of distributions in Fig. 5 (b). Furthermore, 

he mean migration energies of these elements are of the order 

f 0.5–0.6 eV, which are in quantitative agreement with both MD 

nd nudged elastic band method calculations based on the same 

mpirical potential [ 4 , 43 ]. 

The shaped areas in each panel of Fig. 5 denote a possible range 

f activation energies, which are defined by the lower and upper 

ound of activation energies from the vacancy-saturated, and one- 

acancy model, respectively. The dashed vertical lines are the re- 

orted experimental values of activation energies for each element 

n CoCrFeMnNi alloy from Ref. [7] . It is found that the MD esti- 

ated activation energy of Co is in agreement quantitively with 

xperimental data. However, the MD underestimates the activa- 

ion energies for the rest four elements. The discrepancy is pos- 

ibly from the lack of quantitative accuracy of the MEAM poten- 

ial, since the present simulations echo well with previous MD 

nd kMC simulations [ 4 , 43 ] using the same potential. However, 

ll the simulations produce higher diffusivity than experiments. 

herefore, the next generation energetic representation such as 

achine-learning neural network interatomic potential is necessi- 

ated to deal with quantitative simulations of dynamics in random 

lloy with quantum-level accuracy [65] . Finally, except the distri- 
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Fig. 5. Spectra of vacancy formation energy (upper panel) and migration energy (lower panel) for each element in the vacancy-saturated model. The curve in each panel 

represents a best nonlinear fit according to the amplitude Gaussian peak function. The yellow shape areas between dash dot lines denotes the MD-estimated range of 

activation energy, defined by diffusivity of the lower bound (one vacancy) and upper bound (vacancy-saturation), respectively. The vertical lines indicate the values of the 

experimental activation energies for each element. 
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Fig. 6. The relationship between the MD estimated activation energy �E of diffu- 

sion, the experimental activation energy and the sum of the mean value of vacancy 

formation and migration energy from MD simulations, respectively. The black line 

y = x denotes usual understanding of �E = E m + E f . The open squares stand for the 

mean values of the lower ( �E lower ) and upper bound ( �E upper ) of activation energies 

in the vacancy-saturated and one-vacancy model, respectively. The experimental ac- 

tivation energies of elements are shown by solid circles on the y = x line. 
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ution in activation energies, we note that the pre-exponential fac- 

or D 0 also depends on activation entropy of diffusion and the cor- 

elation factor. The latter is not the same for all the constituting 

lements in the CoCrFeMnNi high-entropy alloy [5] , which is also 

 source of possible diffusion heterogeneity in the generic multi- 

rincipal element alloys. 

. Discussion 

In the conventional metals and alloys with only one or 

wo principal elements, the diffusion kinetics is well understood 

hrough a single-value, or multiple distinct activation energies. For 

 fixed lattice diffusion mechanism with a unique value of activa- 

ion energy, its value is assumed the sum of the formation energy 

nd migration energy of a vacancy, i.e., �E = E f + E m 

. However, 

he striking feature of diffusion in complex concentrated alloys is 

he dynamic heterogeneity featured by a wide distribution of the 

ormation energies and migration energies. Therefore, the circum- 

tance becomes intractable in such alloys since it is not straight- 

orward anymore to define a physically sound effective formation 

nergy and migration energy for a specific constituting element. To 

robe into a possible scenario of diffusion kinetics in high-entropy 

lloys, we plot the sum ( E f + E m 

) as a function of real value of acti-

ation energy from the direct Arrhenius fit. The results are shown 

n Fig. 6 for both of the two models investigated with the vacancy- 

aturated and one-vacancy conditions. Here E f and E m 

are both sta- 

istical average value of their distributions as shown in Fig. 5 . The 

xperimental activation energies for the elements in the alloy with 

he same composition are also provided in Fig. 6 to calibrate the 

D calculations. 

There are several intriguing features about lattice diffusion in 

igh-entropy alloys which can be noticed from Fig. 6 . First, the ac- 

ivation energies of diffusion for the constituting element are dif- 

erent. It is evidence of the chemical heterogeneity in HEA that can 

e intuitively understood. Next, judged from a first approximation 

E mean = ( �E lower + �E upper ) / 2 from the two MD models, shown 

s open squares in Fig. 6 , the mean activation energies fall into 

he range of 1.70–2.80 eV, which is smaller than the experimental 
7 
ata of 2.80–3.24 eV. The disagreement is possibly attributed to a 

ouple of reasons, e.g., inaccuracy of the empirical potential, the 

ifference in testing temperature range of simulations and experi- 

ents, and the oversimplification of the formation energy and the 

igration energy as an average value of the wide distribution, etc. 

owever, the MD simulations does provide qualitative feature of 

iffusion kinetics in Cantor alloy, e.g., Mn moves fastest among the 

ve constituents. The modellings from the two distinct models do 

rovide reasonable understanding of diffusion heterogeneity in the 

ategory of high-entropy alloys. It decouples the atomic-scale dy- 

amic heterogeneity from a physical perspective in a quantitative 

anner. Then, if one further examines the MD data, the usual as- 

umption of thermodynamics �E = E m 

+ E breaks down quantita- 
f 
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ively although the data are near the dashed line. Exactly speaking, 

he simple rule predicts data below the y = x line and therefore 

ill definitely underestimate activation energies. Finally, a physi- 

ally sound and sophisticated model considering both the nature 

f spatial heterogeneity and the rugged diffusion potential energy 

andscape is furthermore required to fully disentangling the diffu- 

ion heterogeneity of HEAs. 

. Conclusion 

In sum, a one-vacancy and a vacancy-saturated model of the 

uinary Cantor alloy is proposed as a prototype to study the gen- 

ral dynamic heterogeneity of lattice diffusion in high-entropy al- 

oys via atomistic simulations described by an empirical MEAM po- 

ential. The models set up upper bound and lower bound of diffu- 

ivities, respectively, which renders a possible range of activation 

nergies that is qualitatively comparable to the experimental data. 

urther molecular statics calculations about the formation energies 

f vacancy and exhaustive exploration of possible migration ener- 

ies clearly demonstrate the pronounced distributions in the spec- 

ra of both vacancy formation energy and vacancy migration en- 

rgy. Therefore, the dynamic heterogeneity is physically decoupled 

ith atomic-scale information about each type of component. The 

istribution of the vacancy migration energies is twice wider than 

hat of the formation energies which suggests the former as the 

ajor contribution to the diffusion heterogeneity. Therefore, we 

nitiate a new scenario about the diffusion heterogeneity in the re- 

ently emerging complex concentrated alloy that is in sharp con- 

rast with the scenario of a single-value activation energy or mul- 

iple distinct ones in the conventional elemental metals and solid 

olutions. 

The findings also challenge the view of activation energy of dif- 

usion as a sum of vacancy formation energy and migration energy. 

uch a simple approximation will underestimate the activation en- 

rgy as the present simulations informed. Thus, more sophisticated 

odel is necessitated to rationalize the diffusion heterogeneity in 

EAs by taking account the topological feature of chemically het- 

rogeneity and roughness of potential energy landscape. Conse- 

uently, the present insights into diffusion of the complex concen- 

rated alloys shed light on connecting the structural and dynamic 

eterogeneity of generic multi-principal-element alloys. The infor- 

ation is heuristic for the constitutive modellings of mechanics of 

EAs which should take into account the strikingly distribution of 

hysical parameters attributed to the atomic-scale structural het- 

rogeneity. Finally, empirical interatomic potential with quantum 

ccuracy via machine learning huge configurational and chemical 

pace is anticipated to enable quantitative prediction of diffusion 

ehaviors in the generic medium- or high-entropy alloys and other 

olids. 
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