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A B S T R A C T   

The superior strength and toughness balance prevails in the face-centered-cubic-structured high/medium-en-
tropy alloys (H/MEAs) of low strength, while a gain in yield strength is normally accompanied by a sacrifice in 
toughness, leading to the strength and toughness trade-off particularly when yield strength increases to the 
gigapascal levels. Here, we showed the superior fracture toughness by heterostructuring an N-doped CrCoNi MEA 
having different levels of yield strength higher than 1 GPa. The fracture toughness was 91 MPa⋅m1/2 at yield 
strength of 1.3 GPa in the heterogeneous lamella structure and 168 MPa⋅m1/2 at yield strength of 1.0 GPa in the 
heterogeneous grain structure. The fracture toughness was attributed to forest hardening plus an extra hetero- 
deformation induced hardening. The pile-ups of geometrically necessary dislocations were observed to be 
formed at the domain boundaries to accommodate strain gradient at the plastic zone of the crack tip. The 
chemical short-range orders were found for the enhanced strain hardening near the crack tip by the interaction 
with dislocations. Moreover, a new parameter was proposed to characterize the work hardening capacity at the 
crack tip by the integral of hardness increment in the plastic zone which shows a linear relation-ship with the J- 
integral value during the crack initiation.   

1. Introduction 

The alloys of multi-principle elements, also called high/medium- 
entropy alloys (H/MEAs), have drawn extensive attentions due to 
their extraordinary mechanical properties [1–6]. In particular, the 
H/MEAs of face-centered-cubic-structured (FCC) single phase, such as 
CrCoNi MEA and FeCrMnCoNi HEA, have exhibited high fracture 
toughness at room temperature and even better damage tolerance at 
cryogenic temperature [7,8]. The excellent mechanical properties are 
attributed to the stable FCC matrix, high density of deformation-induced 
nano-twins [9–14], and chemical short-range orders (CSROs) at the 
atomic scale [15–22]. However, the relatively low yield strength of 
single FCC phase H/MEAs with coarse grains (CGs) would restrict their 
engineering applications. In general, elevation in strength by severe 
plastic deformation is inevitably accompanied by reduced toughness due 
to the diminished strain hardening [23–25]. 

A promising strategy for achieving high toughness with elevated 

strength is to introduce heterogeneous structure (HS) in HEAs/MEAs 
with single FCC phase. The HS usually consists of soft (lower strength) 
and hard (higher strength) domains, such as gradient structure [26–30], 
heterogeneous lamella structure (HLS) [31–33], and heterogeneous 
grain structure (HGS) [34]. During plastic deformation in HS, plastic 
incompatibility is generally observed near heterogeneous interfaces. As 
a result, geometrically necessary dislocations (GNDs) can be produced, 
which can promote extra strengthening and strain hardening [4,35-37]. 
Previous studies have extensively investigated the improved tensile 
properties and the corresponding deformation mechanisms induced by 
HS in HEAs/MEAs [4,28,34]. However, only a few reports have exam-
ined the fracture toughness of HS at the gigapascal yield strength level 
for other conventional alloys. For example, the fracture toughness of 
316L austenitic stainless steel was observed to be enhanced at the yield 
strength (σy) of 1.0 GPa by embedded nano-twin bundles, which can 
inhibit void initiation in the nano-grained matrix and result in crack 
bridging ligaments behind the crack [38,39]. Recent reports also 
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indicated that high fracture toughness at σy ~2.0 GPa and 1.5 GPa can 
be achieved in the lamellar dual-phase steel [40] and the lamellar 
austenitic steel [33], respectively. The superior synergy of strength and 
toughness can be contributed to the toughening mechanisms of grain 
boundary delamination and transformation-induced plasticity (TRIP) 
effect. While, the fracture toughness for HEAs/MEAs with HS and the 
corresponding hardening/toughening mechanisms at the heterogeneous 
interfaces and at the crack tip have not been reported. 

Moreover, CSROs in HEAs/MEAs also play an important role in both 
strengthening and strain hardening during tensile deformation, by 
providing strong resistance to dislocation glide [15,16,18,21,41-43]. 
Atomistic simulations in the CrCoNi MEA have previously exhibited the 
ability of CSROs to raise the activation barriers for dislocation activities, 
producing a significant amount of extra energy to de-trap dislocations 
from local CSROs [15,16]. In addition, solution strengthening is another 
efficient strategy to improve strength without significantly sacrificing 
ductility and toughness [44–51]. The addition of even a small amount of 
interstitials (such as carbon and nitrogen) in FCC HEAs/MEAs can 
significantly improve the tensile properties. The interstitials not only 
increase the lattice friction to dislocation motion but also interact with 
dislocations to change their glide pattern, resulting in higher dislocation 
storage and stronger strain hardening ability [48–50]. Therefore, both 
the CSROs and the interstitial solution strengthening are expected to 
enhance the fracture toughness at high strength levels in HEAs/MEAs. 

Here, we propose a strategy in FCC HEAs/MEAs to provide high 
fracture toughness with high strength. Heterogeneous structures with 
gigapascal-level yield strength on an N-doped CrCoNi MEA (CrCo-
NiN1.75 MEA) were designed. HLS and HGS were obtained via cold 
rolling and annealing at proper temperatures. The tensile and fracture 
toughness tests were conducted. Moreover, the corresponding crack 
propagation behaviors and the toughening mechanisms for the superior 
fracture toughness were systematically investigated by microstructural 
characterizations in the CrCoNiN1.75 MEA. 

2. Materials and experimental methods 

2.1. Materials 

The CrCoNiN1.75 (at.%) MEA was produced from high purity ele-
ments of Cr (99.17%), Co (99.98%), and Ni (99.96%) in a pressurized 
induction furnace, and was melted under nitrogen pressure of 2.0 MPa. 
To ensure homogeneity, the ingots were homogenized at 1200 ◦C for 24 
h, and then hot forged to 15 × 70 × 240 mm3 plates in the temperature 
range of 950 ◦C-1200 ◦C. The plates were subsequently solution treated 
at 1150 ◦C for 1 h followed by water quenching. This microstructure was 
hereafter named as the coarse-grain (CG) counterpart. The average grain 
size of the CG sample was estimated to be about 14 μm (Fig. S1). The 
plates were cold-rolled to a final thickness of 5 mm, and these specimens 
were named as the cold rolling (CR) counterparts. The samples with HLS 
(HS1) and the samples with HGS (HS2) were finally obtained by 
annealing at a temperature of 700 ◦C for 30 min and 800 ◦C for 10 min, 
respectively. 

2.2. Mechanical testing 

The plate specimens for quasi-static tensile testing were obtained via 
electrical discharge machining. The specimen had a dog-bone shape and 
a gauge section of 10 × 2.5 × 1.0 mm3. The quasi-static uniaxial 
tensile tests were conducted using an MTS landmark testing machine at 
a strain rate of 5 × 10− 4 s− 1 and at room temperature under displace-
ment control. Three tensile tests were conducted for each specimen to 
check the repeatability of experimental data. The tensile direction was 
set to be parallel to the rolling direction (RD) (Fig. 1). The crack direc-
tion, the crack plane and the crack growth direction are also indicated in 
Fig. 1. 

For fracture toughness tests, miniaturized compact-tension (CT) 
specimens were cut with a thickness (B) of 4 mm, and a width (W=3B) of 
12 mm. A straight-through notch was cut with a length of 5.4 mm ac-
cording to the ASTM standard E1820 [52], with the crack direction 
perpendicular to the RD (Fig. 1). Before testing, both surfaces of all CT 
samples were ground and polished to clearly show the crack length. 
Prior to the fracture toughness measurement, fatigue pre-cracking was 
produced in force control with stress ratio (R) of 0.1. The length of the 
final pre-crack was about 6.0 mm for miniaturized CT specimens. The 
side grooves were also machined on both surfaces with a total thickness 
reduction of 0.2B to ensure a straight and sharp crack front. The fracture 
toughness testing was performed also on an MTS Landmark testing 
machine at a constant displacement loading rate of 0.3 mm/min, and the 
load-line displacement (LLD) was detected using an Epsilon clip-on 
gauge. The crack extension size and J-integral were obtained from the 
LLD curves, using the elastic compliance method. The elastic-plastic 
J-integral fracture resistance curves as a function of crack extension 
(J-R curves) were obtained using the procedure recommended in the 
ASTM standard E1820 [52]. For each state, three fracture tests were 
conducted and the error bars for the fracture toughness were provided. 

The fracture toughness test was interrupted after peak force (Fp) with 
a force of about 0.8Fp for CR, HS1 and HS2 samples, and Vickers micro- 
hardness (Hv) distributions (hardness contours) around the crack tip for 
these tested samples on the center surface (plane-strain state) were 
examined with a Future-Tech ARS900 Vickers micro-hardness tester 
using a load of 25 gf and a dwell time of 15 s after polishing (Normal 
direction, ND). The hardness indentation sites along the radius direction 
of crack tip were separated by a distance of 0.05 to 0.2 mm. 

2.3. Microstructure characterization 

The microstructures were characterized using electron backscattered 
diffraction (EBSD) in a ZEISS Supra 55 scanning electron microscope 
(SEM) with an EBSD detector before deformation and after mechanical 
testing on the center surface. Both Schmid factors and GND density were 
obtained by EBSD analysis through Channel 5. The GND density can 
generally be reflected by the kernel average misorientation (KAM) value 
[53], and was measured near hetero-interfaces using high resolution 
EBSD maps with a step size less than 50 nm. The interface density was 
calculated by grain boundary orientation in a specific range. The frac-
ture morphologies after fracture toughness testing were observed using 
a secondary electron detector in a Zeiss Supra 55 field emission SEM at 
15 kV. 

The microstructures were also examined using a transmission elec-
tron microscope (TEM, JEOL JSM-2100F) operated at 200 kV. High 
resolution TEM (HRTEM) and high-angle annular dark-field (HAADF) 
images were obtained by an aberration-corrected scanning transmission 
electron microscopy (STEM, FEI Titan Cubed Themis G2 300) operated 
at 300 kV, equipped with a Super-X energy disperse spectroscopy (EDS). 

Fig. 1. Schematic illustration for preparing the tensile and fracture specimens 
from the plates. 
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Nano beam electron diffraction (NBED) was performed under the TEM 
microprobe mode with an electron beam spot diameter of ~35 nm. The 
image was obtained using Flucam-Viewer with Sensitivity 6. The 
atomic-resolution EDS mapping was conducted at the count rate ranging 
from 180 to 500 cps and at a dwell time of 5 μs per pixel with a map size 
of 512 × 512 pixels. Line scan profiles were along the horizontal di-
rection and the line profile represented the distribution of an element in 
a (111) plane. Geometric phase analysis (GPA) was used to calculate the 
strain field from high-resolution TEM images or HAADF images. A 
perfect crystal lattice gives rise to sharply peaked frequency Bragg spots, 
while the local lattice distortion would lead to the broadening of Bragg 
reflections. Thus, the strain mapping can be obtained by specific circular 
Gaussian mask on the reflection. The thin foils were thinned and pol-
ished to 40 μm thick from the sheets for TEM observation. The samples 
were then punched to disks with diameters of 3 mm and finally perfo-
rated in a twin-jet electropolishing using a solution of 5% perchloric acid 
and 95% ethanol at -31 ◦C with a potential of 28 V. 

3. Results 

3.1. Microstructure characterization before mechanical testing 

Figure 2 presents the microstructural characterization of the sample 
with HLS (HS1) after incomplete recrystallization annealing at 700 ◦C 
for 30 min. HS1 consists of recrystallized grains (RGs, soft domain) and 
deformed grains (DGs, hard domain), as indicated by the image quality 
(IQ) maps of transverse direction (TD) and ND planes in Fig. 2a and b, 
respectively. The corresponding figure with various boundaries (low- 
angle grain boundaries, LAGBs; high-angle grain boundaries, HAGBs, Σ3 
twin boundaries, TBs) for Fig. 2b is shown in Fig. 2c. The DGs contain 
lots of LAGBs (Fig. 2c). The RGs are characterized by three levels of 
grains with obviously different sizes: micrometer-grains (MGs, d ≥ 1 μm, 
white), ultrafine-grains (UFGs, 0.25 μm < d < 1 μm, light purple), and 
nano-grains (NGs, d ≤ 0.25 μm). The smallest NGs are marked in terms 
of the magnitude of the Schmid factors. The color coding in Fig. 2c will 
be kept the same in the following similar figures. The RGs are almost 
dislocation-free in Fig. 2c and do not show obvious textures in the 

inverse pole figure (IPF, Fig. 2d and Fig. S2b). Obviously, bimodal grain 
size distribution is observed in the RGs (Fig. 2e). Specifically, two peaks 
of grain size distribution can be easily identified at 0.26 μm and 1.50 μm. 
The fraction of Cr2N precipitates is about 1.1% and the average size (d) is 
about 96 nm (Fig. S2). Figure 2f indicates that the volume fraction of 
DGs is 54.0% in the FCC matrix. 

A complete recrystallized sample with HGS (HS2) after annealing at 
800 ◦C for 10 min is displayed in Fig. 3. The IQ maps of the TD and ND 
planes in Fig. 3a and b show that HS2 is completely recrystallized. IPF 
image in Fig. 3c shows equiaxed grains and random grain orientation. 
The figure with various boundaries in Fig. 3d shows three levels of grains 
in HS2. The insert of Fig. 3d shows that NGs mostly nucleate at the GBs 
and triple junctions of UFGs and MGs, and are surrounded by HAGBs and 
TBs. Fig. 3e shows the multi-modal grain size distribution with peaks at 
0.15 μm, 0.67 μm, and 1.19 μm. High density TBs are shown in Fig. 3f. 
Moreover, some Cr2N precipitates are marked in yellow in Fig. 3d. These 
precipitates exhibit uneven distribution and tend to precipitate prefer-
entially at the recrystallized region. The fraction of Cr2N precipitates is 
about 1.2% and the average size of Cr2N precipitates is about 73 nm 
(Fig. S3). The corresponding EDS mapping with atomic-resolution in 
Fig. S3 shows no obvious segregation in the distribution of elements, 
whereas large concentration fluctuation at the atomic level is observed. 

3.2. Mechanical behaviors 

3.2.1. Tensile and fracture properties 
The tensile properties and the J-integral-based crack resistance (J-R) 

curves for various samples are shown in Fig. 4. Figure 4a displays the 
tensile engineering stress-strain (σe − εe) curves. HS1 exhibits a yield 
strength (σy) as high as 1.3 GPa, along with a uniform elongation (εu) of 
13%. σy and εu of HS2 are 1.05 GPa and 24%, respectively. Yield strength 
(σy) is determined by a linear line with the same slope as the elastic part 
and the 0.2% plastic strain offset. The normalized hardening rates of HS1 
and HS2 show an upturn phenomenon in the transient range (Fig. 4b), 
which could be related to hetero-deformation induced (HDI) hardening 
[27,31,34]. In contrast, the normalized hardening rates of CR and CG 
decrease monotonously with increasing strain. 

Fig. 2. The HS1 sample with HLS. (a)(b) EBSD IQ maps of the TD and ND planes, respectively. (c) The corresponding enlarged figure with various boundaries for (b). 
(d) IPF image of RGs for (c). (e) Grain size distribution of RGs in ND plane. (f) Volume fractions of DGs, NGs, UFGs and MGs in ND plane. 
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Figure 4c shows the representative force versus load-line displace-
ment curves for the HS1, HS2, and CR samples. The ratios of the 
maximum force Pmax to PQ (the intersected force point between the 
curve and the linear line with a 95% slope of the initial linear part for the 
curve) are larger than 1.1 due to severe crack tip plastic deformation 
before crack extension. Hence the direct determination of the critical 

stress-intensity factor (KIC) with linear-elastic plane strain conditions is 
invalid. Instead, elastic-plastic fracture mechanics method based on J- 
integral is adopted to evaluate the fracture toughness. 

As shown in Fig. 4d, the J-R curves are obtained by the elastic 
compliance method. The J-integral value of crack initiation (JIC) is 
determined by the intersection point of J-R curves and the 0.2 mm offset 

Fig. 3. The HS2 sample with HGS. (a) (b) EBSD IQ maps of the TD and ND planes, respectively. (c) IPF image of (b). (d) Close-up view of (c) with various boundaries 
in the ND plane showing three levels of grains. (e) Grain size distribution in the ND plane. (f) Distribution of grain boundary orientation in the ND plane. 

Fig. 4. Tensile and fracture toughness properties. (a) Tensile engineering stress-strain (σe − εe) curves. (b) Curves of normalized hardening rate (1/σf ⋅∂σ/∂ε) versus 
true strain (εt). (c) Curves of force as a function of load-line displacement. (d) J-R curves for the fracture toughness tests. (e) Yield strength versus fracture toughness 
for the present CrCoNiN1.75 MEA, along with the data for other alloys, including HEAs/MEAs [7,8,54–60], austenitic stainless steels [33,38,61–63], TRIP steels [64, 
65], Nickel [32,66], high carbon (C) steels [67], dual-phase steels [40]. 
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blunting lines [52]: 

JQ = 2σY ⋅Δa (1)  

Where σY is the effective yield strength, σY = (σy + σu)/2, and σu is the 
ultimate tensile strength. The JQ value is determined to be 14 ± 2 
kJ /m2, 32 ± 3 kJ /m2, and 112 ± 9 kJ /m2 for the CR, HS1, and HS2 
samples, respectively. In this work, the plane strain condition is well 
satisfied and JQ can be regarded as the valid JIC according to the ASTM 
E1820 standard [52]. Therefore, KIC can be obtained from JIC, using KJ 

=
̅̅̅̅̅̅̅̅̅̅̅̅̅̅
(E′JIC)

√
, where E′

= E/(1 − ν2) (E is Young’s modulus, v is Poisson’s 
ratio). The calculated KIC is determined to be 91 ± 4 MPa⋅m1/2 and 168 

± 7 MPa⋅m1/2 for HS1 and HS2, respectively. 
As shown in Fig. 4e, heterogeneous CrCoNiN1.75 MEA shows excel-

lent synergy of yield strength and fracture toughness under high 
strength levels as compared to other HEAs/MEAs with homogeneous 
structures 57-60]. In addition, the KIC of HS2 at σy~1 GPa is also higher 
than that of heterogeneous nano-structured 316L stainless steel at 
similar σy [38], although the heterogeneous 316L stainless steel shows a 
slightly higher KIC than the CrCoNi MEA with homogeneous 
coarse-grained structure in our previous report [68]. In summary, a 
superior strength-toughness synergy can be achieved through the design 
of heterogeneous structures (Fig. 4e). 

3.2.2. Micro-hardness evolution 
To investigate the work hardening behavior of the plastic zone in CT 

samples, the micro-hardness (Hv) distributions around the crack tips for 
both heterogeneous structures (HS1, HS2) and the CR sample are char-
acterized (Fig. 5). It shows different degrees of hardening with an 
enhancement of Hv as compared to those before deformation, as shown 
in the CR sample (Fig. 5a), the HS1 sample (Fig. 5b), and the HS2 sample 
(Fig. 5c). The average Hv after the fracture tests as a function of the 
distance (r) from the crack tip is displayed in Fig. 5d, in which the 
maximum hardness increment (ΔHvm) and the plastic zone size (rp) of 

the CR, HS1, and HS2 samples are obtained. The ΔHvm of the CR, HS1, 
and HS2 samples is determined to be 0.20, 0.25 and 0.75 GPa, respec-
tively, and the corresponding rp is 0.29 mm, 0.5 mm, and 1.1 mm, 
respectively. Obviously, the higher fracture toughness for the hetero-
geneous structures can be attributed to the much larger area of plastic 
zone around the crack tip and the much stronger strain hardening in the 
plastic zone. 

Fracture toughness can be considered as a damage parameter that 
can be affected by both plastic zone size (rp) and crack tip work hard-
ening ability. We attempted to determine a characteristic parameter 
based on the micro-hardness data, and to establish a direct relationship 
of this parameter with fracture toughness. The Hv -r curves in Fig. 5d are 
fitted by polynomial. Their increments (ΔHv = Hv − Hvo, Hvo is the 
micro-hardness value before deformation) are integrated, to obtain the 

integral value in the plastic region (i.e., JHv =

∫rp

0

Hvdr, the colored 

shaded area in Fig. 5e). Interestingly, a positively linear relationship can 
be observed between the JHv value and the J-integral value at crack 
initiation (JIC) (Fig. 5f). Therefore, the quantitative relationship be-
tween the work hardening behavior of the crack tip and the fracture 
toughness can be established. 

3.3. Fracture surface morphology 

The SEM fractographies of CT samples after fracture toughness tests 
for both heterogeneous and homogeneous structures are displayed in 
Fig. 6 to reveal the toughening mechanisms. Dimples are all observed in 
the SEM images of the fracture surface for the CR, HS1 and HS2 samples, 
indicating ductile fracture for these three structures. However, the 
dimple size of the CR sample is homogeneous (Fig. 6a), and the average 
dimple size is about 4.05 μm. Dimple sizes are heterogeneous in the HS1 
sample (Fig. 6b) and the HS2 sample (Fig. 6c and d), including both 
equiaxed large dimples and small dimples. The size distributions and the 

Fig. 5. Micro-hardness (Hv) distributions around the crack tips. (a)-(c) Hv contours ahead of the crack tips for the CR, HS1, and HS2 samples, respectively. (d) 
Average hardness (Hv) after fracture tests as a function of the distance (r) from the crack tip. (e) The fitting curves of Hv -r data (left y-axis) and the integral of 

hardness increment (ΔHv) along r (right y-axis). (f) The integral of ΔHv along r in the plastic zone (JHv, JHv =

∫rp

0

ΔHvdr, colored shaded area in (e)) versus JIC. 
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volume fractions of large dimples (d ≥ 1 μm) and small dimples (d < 1 
μm) for various samples are analyzed and displayed in Fig. 6e and f. Two 
peaks of dimple size distributions are observed in both the HS1 and HS2 
samples, which can be attributed to the heterogeneous grain structures 
in these two samples. The proportion of large dimples is consistent with 
that of MGs in HS2 (complete recrystallization without DGs), and the 
proportion of large dimples is much higher than that of MGs in HS1 due 
to high density of DGs in HS1. Therefore, these small dimples are derived 
from NGs and UFGs, while large dimples are derived from MGs and DGs. 
The recrystallized MGs have strong work hardening to inhibit crack 
growth, and the UFGs and DGs can provide higher strength. Thus, the 
combination of MGs, NGs, UFGs and DGs in the heterogeneous structure 
can improve toughness due to the synergistic effect. 

3.4. Microstructure characterization along the crack path 

To illustrate the underlying toughening mechanisms for the excellent 
fracture toughness in the heterogeneous structures, the microstructures 
along the crack path and around the crack tip are characterized and 
displayed in Fig. 7. For the HS1 sample, the propagating crack is rela-
tively straight (Fig. 7a). The SEM image (Fig. 7b) and the IPF image 
(Fig. 7c) exhibit a very slender crack (as marked by the black arrow) that 
propagates forward quickly in DGs due to the lower work hardening 
capacity of DGs. However, obvious passivation is observed as the crack 
extends to the recrystallized region, indicating that RGs have higher 
work hardening and can effectively restrain the crack propagation. 
Close-up view of the crack tip with the boundary map (Fig. 7d) shows 
that Cr2N precipitates (yellow zone) are the potential nucleation sites of 
micro-voids. The HS2 sample with complete recrystallization shows a 
more deflective crack (Fig. 7e and f). Similar to the HS1 sample, the 
micro-voids nucleate at the sites of Cr2N precipitates (red arrows marked 
in Fig. 7f). Some crack branches are also observed beside the main crack, 
dissipating more energy. The IPF image is shown in Fig. 7g, and the 
corresponding close-view of the crack tip is shown in Fig. 7h. It is shown 
that the Cr2N precipitates can be cut through by the crack propagation, 
and the crack tip is blunter for the HS2 sample. 

As indicated by the grain size distributions prior to and after fracture 
tests around the crack tip in Fig. 8a, grain refinement occurs along the 
crack path in the HS2 sample. In the upper figure of Fig. 8b, the average 

grain size (d) decreases from 0.63 μm to 0.37 μm with decreasing 

distance from the crack tip, indicating grain refinement at the crack tip 
during deformation. The interface density (ρInterface) of LAGBs, HAGBs, 
and TBs is also calculated (Fig. 8b). At the crack tip, ρInterface of LAGBs 
and HAGBs increases, while that of TBs decreases. The number density 
of NGs (grain number per μm2) also increases significantly from 0.9 
grains per μm2 before deformation to 3.4 grains per μm2 near the crack 
tip. It is reasonable to infer that smaller NGs are generated dynamically 
and some TBs transform into HAGBs during the fracture tests due to the 
interaction between dislocations and TBs, thus leading to the increasing 
number of NGs, which is similar to that previously reported in the 
CrCoNi MEA after a tensile deformation of about 20% [34]. 

To further explore the origin of the outstanding strain hardening 
ability for the heterogeneous structures, the statistical analysis of GND 
density for the vicinity along the crack path (within ~2 μm) is conducted 
for the HS2 sample. Figure 9a shows the GND density map around the 
crack tip for the HS2 sample, indicating high density GNDs are generated 
to coordinate deformation near hetero-interfaces. While the Cr2N pre-
cipitates show a very low GND density, indicating nearly no plastic 
deformation in them. The poor plastic deformation capacity of the 
precipitates results in premature micro-void nucleation, which is 
consistent with the result in Fig. 7. Figure 9b1–b4 presents the close-up 
views of GND density maps at the positions with r=2, 100, and 500 μm, 
and prior to deformation. The density of GNDs is very high in the whole 
grains due to severe plastic deformation near the crack tip. While with 
increasing r, the GND density decreases progressively, and it can be 
observed more clearly that the GND density at the interfaces is higher 
than that in the grain interiors (Fig. 9b-2 and b-3). 

The GND density distributions of NGs, UFGs, and MGs at the in-
terfaces before and after deformation are also quantitatively calculated 
(Fig. 9c). The increment of the average GND density (ρGND) near the 
HAGBs after fracture tests is more significant for MGs (2.72 × 1015/m2) 
as compared to that of UFGs (0.96 × 1015/m2). These results indicate 
that the abundant GNDs are produced at the interfaces to accommodate 
the strain gradient between MGs and UFGs due to strain incompatibility, 
resulting in HDI hardening [27,31,36]. In addition, GNDs at the TBs of 
UFGs and MGs are also observed (Fig. 9c; yellow histogram). The TBs in 
the MGs have a higher ρGND than that in the TBs of UFGs, which can be 
attributed to the larger average grain size of the MGs. Moreover, it is 
worth noting that the ρGND of the NGs is higher than that both in the 
UFGs and MGs. These observations may be related to the dynamic 

Fig. 6. Fractographies after fracture toughness testing. (a)(b) SEM images of the CR sample and the HS1 sample, respectively. (c)(d) SEM images of the HS2 sample. 
Yellow arrow: a precipitate in the dimple. (e) Distributions of dimple sizes of the CR, the HS1, and the HS2 samples. (f) The fractions of dimple size and grain size 
smaller or larger than 1 μm, for the HS1 and HS2 samples, respectively. (For interpretation of the references to color in this figure legend, the reader is referred to the 
web version of this article.) 
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generation of NGs along the GBs of MGs as reported in the CrCoNi [34]. 
Near the crack tip, higher stress drives the nucleation of NGs at the GBs 
of MGs. During this formation process, stacking faults (SFs) and dislo-
cations are also generated inside NGs, which results in higher density of 
GNDs in NGs. Figure 9d shows that ρGND of the UFGs and MGs decreases 
monotonously with decreasing deformation degree. Notably, the 
enhancement of ρGND at the GBs of the MGs is larger than that of the 
UFGs at the crack tip, although similar values are observed in the case of 
lower deformation degree. This result suggests the generation of 
numerous GNDs at the soft domain to accommodate the deformation 
near the crack tip. 

TEM characterization is also conducted in the plastic deformation 
zone of the HS2 sample. Near the crack tip, severe plastic deformation is 
observed. Figure 10a and b shows that planar slip bands with high 
density dislocations pile ups near GBs in MGs. Abundant dislocations are 
also produced in the UFGs (Fig. 10c), indicating that UFGs also can bear 
some plastic deformation. At the plastic zone approximately 0.5rc (0.5 
mm) away from the crack tip, dislocations are activated and accumu-
lated at GBs and TBs in the MGs (Fig. 10d and e). The close-up view in 
the inset of Fig. 10d clearly displays that dislocations are blocked by 
GBs. However, the planar slip dislocation band and dislocation density 

are significantly reduced as compared to those near the crack tip. In 
addition, some deformation-induced nano-twins are observed in the 
grain interiors, as shown in Fig. 10f and by the selected-area electron 
diffraction (SAED) pattern in the inset of Fig. 10f. 

3.5. The effect of CSROs on strain hardening 

In the TEM characterization of the HS2 sample, additional super-
lattice reflections were found at the position of 12{311} under the SAED 
pattern at [112] zone axis (Fig. S4a), which has been verified to be 
related to CSROs at the nanometer scale [17-20,22]. The CSROs in 
the HS2 sample were characterized through the same method as that in 
VCoNi [18]. CSROs are both observed before and after deformation, and 
a few chemical medium-range orders (CMROs) with sizes larger than 1 
nm are also observed [20] (Fig. S4 and Fig. S5). To explore the effect of 
CSRO/CMROs on the dislocation motion, the atomic strain field near the 
CSRO/CMROs is analyzed. 

Figure 11a shows the HRTEM image near the crack tip of the HS2 
sample, in which nano-twins can be observed. Numerous dislocations 
(marked by "T" symbols) around TBs can be observed in a HRTEM image 

Fig. 7. Microstructure evolution along the crack path after fracture toughness testing. (a) Optical microscope (OM) image along the crack path in the HS1 sample. (b) 
(c) SEM and IPF images around the crack tip in the HS1 sample. Black arrow: slender crack in the DGs. (d) Close-up view with various boundaries around the crack tip 
in the HS1 sample. Cr2N precipitates are marked in yellow. (e) OM image along the crack path in the HS2 sample. (f)(g) SEM and IPF images around the crack tip in 
the HS2 sample. Red arrows: micro-voids nucleated at the Cr2N precipitates. Blue arrows: crack branches. (h) Close-up views of IPF image and image with various 
boundaries around the crack tip in the HS2 sample. The scale bars in (a) and (e) are 200 μm. (For interpretation of the references to color in this figure legend, the 
reader is referred to the web version of this article.) 
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with higher resolution under the [011] zone axis (Fig. 11b). The atomic 
strain field was analyzed by GPA in a HRTEM image with even higher 
resolution (Fig. 11c) [18,69,70]. The diffraction spot of FCC matrix (blue 
circle in the inset of Fig. 11c) is used as the reference vector for GPA, and 
then the map of strain contour is obtained. Figure 11d is the atomic 
strain field before deformation, and Fig. 11e is the atomic strain contour 
near the crack tip. The strain level is very low before deformation, while 
the strain magnitude increases significantly after deformation. In addi-
tion, the local compressive strain (blue region) and tensile strain (yellow 
region) are arranged alternately at atomic scale. Previous reports have 
shown that this strain distribution was induced by CSROs [70]. To verify 
this, the overlay of the atomic strain map and the inverse Fast Fourier 
transform (IFFT) image of CSROs by 1

2{111} positions under the [011] 
zone axis is provided in Fig. 11f [70,71]. The local tensile strain region 
has a good correspondence with CSROs. The EDS mapping in Fig. S6 
shows that CSRO/CMROs consist of two Cr-enriched {311} planes and 
one sandwiched Co/Ni-enriched {311} plane. Due to similar atomic 
radius of Cr, Co, and Ni, the induced strain is very low before defor-
mation. After deformation, the strain magnitude near CSROs increases 
significantly (Fig. 11g). More extra energy is required for dislocations to 
pass through CSROs due to the obstruction of CSROs, which changes the 
strain field near CSROs. 

In the local region A of Fig. 11g, significant tensile and compressive 
strains with higher strain level are observed. In order to find out the 
formation mechanism of strain distribution at the region A, the atomic 
strain field with the [112] zone axis and the corresponding EDS mapping 
were analyzed. Figure 12a is the HAADF lattice image of FCC matrix, 
and Fig. 12b is the overlapped IFFT images of CSROs and FCC matrix, 
using extra diffuse reflections at 1

2 {311} (yellow circle in the inset of 
Fig. 12a) and FCC diffraction spots [18,22]. The GPA strain map is also 
obtained using two FCC diffraction spots (blue circles in the inset of 
Fig. 12a) (Fig. 12c). The strain region similar to region A of Fig. 11g is 
found and enlarged in Fig. 12d, in which significant local tensile and 
compressive strains can be observed. The intensity distribution of the 
{111} plane of the FCC lattice (shown by the dashed line) at this position 
is shown in Fig. 12e, from which the spacing between adjacent atoms 
could be determined. The lattice on the line is found to have severe 
distortion. The points "2" and "3" have significant extrusion, with a 
spacing of 1.2 Å, which is less than the spacing of the adjacent atoms 
(1.5 Å). This extrusion causes a large compression deformation between 
"2" and "3", corresponding to the blue band in the GPA strain map. The 
distribution of elements is also investigated, as shown by the EDS 
mapping of Cr and N elements in Fig. 12f. Point "2" is occupied by Cr 

atom, while an adjacent interstitial point is occupied by N atom. This 
arrangement should cause significant local tensile strain. Moreover, 
CSROs are present in this region (Fig. 12b). Therefore, the lattice near 
the CSROs is believed to have a large distortion through the pinning and 
interaction of dislocations during deformation. When a dislocation 
passes through a local CSRO, more energy and greater driving force are 
required to cross the energy barrier, which provides extra strengthening 
and strain hardening for better fracture toughness [16]. 

4. Discussion 

A superior fracture toughness is found in the CrCoNiN1.75 MEA with 
heterogeneous structure in Fig. 4e, compared with other alloys at a 
similar yield strength (σy~1 GPa). The underlying strengthening/ 
toughening mechanisms responsible for the excellent strength- 
toughness synergy are discussed here. 

4.1. Hardening mechanisms in heterogeneous structures 

For metallic materials, excellent fracture toughness can be attributed 
to two major classes of toughening mechanisms, as summarized by 
Ritchie [23,25] — intrinsic and extrinsic toughening mechanisms. 
Intrinsic toughening is relevant to the resistance of crack initiation and 
small growth ahead of crack, which mainly depends on work hardening 
capacity. While for extrinsic toughening, the applied force is shielded in 
the crack wake during the crack growth stage by crack deflection, crack 
bridging [38,39], or grain-boundary delamination [33,40]. Extrinsic 
toughening is generally applicable to ceramics, bone structure, or other 
brittle materials by improving load capacity and toughness [25]. It has 
been proven to be effective to obtain outstanding toughness in austenitic 
steels [33,38] and dual-phase steel [40] by introducing both intrinsic 
and extrinsic toughening mechanisms. The intrinsic toughening is more 
important for improving crack initiation fracture toughness (KIC) during 
fracture process, while intrinsic toughening mechanisms (i.e., hardening 
capacity) become limited at high yield strength level. 

Multiple mechanisms are operated simultaneously for the present 
CrCoNiN1.75 MEA with HGS. First, HGS provides a long-range hardening 
from the HDI stress. HGS has been previously designed in the CrCoNi 
MEA [34], and the enhancement of strength-ductility combination is 
obtained, which can be attributed to the persistent HDI hardening by 
reinforced heterogeneous structure during tensile deformation in the 
low SF energy (SFE) alloys [34]. An upturn of Θ at true strain ranging 
from 2 to 4% in the HS1 and HS2 samples is also observed, which is a 
typical phenomenon of strain hardening response in the initial stage for 

Fig. 8. Characterization of grain refinement after fracture toughness test for the HS2 sample. (a) Grain size distributions prior to and after fracture tests around the 
crack tip. (b) The average grain size (d) and the interface density (ρInterface) with decreasing deformation degree (increasing distance from the crack tip, r). Numbers 1- 
3 indicate the positions at r=2, 100 and 500 μm, number 4: prior to deformation. 
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heterogeneous structures [27,29,31,34]. The results in Fig. 9 show that 
the GBs of MGs have a much higher ρGND (2.86 × 1015 /m2) than that in 
the GBs of UFGs (1.33 × 1015/m2) near the crack tip. This indicates that 
MGs carry more plastic strain, relative to UFGs, inducing high-density 
GNDs at the crack tip in the HS2 sample. These GNDs may interact 
with mobile dislocations to increase the density of mobile dislocations in 
varying grains [27,30,31], which is accompanied by strong HDI stress 
and hardening. By this way, the plastic deformation ability of the plastic 
zone is enhanced, and the initiation and propagation of cracks are 
refrained. 

Second, the CSRO/CMROs in the structure provide significant 
strengthening and hardening effects. These CSRO/CMROs with nano-
meter size are stable even after deformation, with a volume fraction of 
~3.5% (Fig. S5). Through the corresponding GPA analysis (Figs. 11 and 
12), it is found that CSROs produce serious lattice distortion in the FCC 
matrix for inhibiting the movement of the dislocations. The energy 
expense would be increased when a dislocation passes through a local 
CSRO, resulting in stronger strain hardening in the plastic zone of 
the HS2 sample [16]. In addition, the fraction of Cr2N is measured at ~ 
1.2% by EBSD, indicating that about 0.14 wt. % (0.58 at.%) of nitrogen 

is concentrated in the precipitates, and the remaining 1.17 at.% of ni-
trogen is in the matrix (Assuming that the density is uniform in the 
alloy). Stronger effect of solid-solution hardening would be achieved in 
the N-doped MEA due to the increasing lattice distortion [46–48]. Thus, 
both CSROs and severe lattice distortion provide strong resistance to 
dislocation motion, and are expected to effectively improve the 
toughness. 

Third, grain refinement is also observed near the crack path (Fig. 8), 
resulting in strain hardening due to the so-called dynamic Hall-Petch 
effect [32,72]. Moreover, the ρInterface of TBs decreases, while ρInterface 
of HAGBs and LAGBs increases slightly after deformation. Thus, it can be 
concluded that TBs lose their coherency and grain refinement happens 
after deformation, which leads to the increase of UFGs and NGs. This 
dynamic grain refinement can be attributed to the low SFE, and has also 
been observed in the CrCoNi MEA under both quasi-static tension and 
dynamic shear loading [34,72]. Hence, grain refinement is one of the 
origins of the high strain hardening at the crack tip. 

Fig. 9. GND density evolution during the fracture testing for the HS2 samples. (a) The GND map at the crack tip. (b-) Close-up views of GND density maps at r=2, 
100, and 500 μm and before deformation, respectively. (c) Distributions of GND density at GBs and TBs prior to and after deformation in NGs, UFGs, and MGs around 
the crack tip, respectively. (d) Average GND density (ρGND) of UFGs and MGs at GBs as a function of decreasing deformation degree. 
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Fig. 10. TEM images characterizing the deformation mechanism of the HS2 sample after the fracture toughness test. (a)-(c) TEM bright field image at the crack tip. 
(d)-(f) TEM bright field image in the plastic area with approximately 0.5rc (0.5 mm) away from the crack tip. The scale bar in the inset of (d) is 300 nm. 

Fig. 11. (a)-(c) HRTEM images near the crack tip after deformation in the HS2 sample. The inset in (a) shows the corresponding SAED pattern in the [011] zone axis. 
The inset in (c) is the corresponding FFT image (Blue circles: FCC diffraction spots. Yellow circles: extra superlattice scattering by CSROs). (d)(e) Strain maps before 
and after deformation, respectively. (f) Strain maps with IFFT lattice of CSROs before (first column, εxx ranges from -0.35 to 0.35) and after deformation (bottom 
column, εxx ranges from -0.8 to 0.8). (g) The distributions of εxx before and after deformation, in which region A is a local map of (e). (For interpretation of the 
references to color in this figure legend, the reader is referred to the web version of this article.) 

X. Liu et al.                                                                                                                                                                                                                                      



Acta Materialia 255 (2023) 119079

11

4.2. Crack propagation mechanism in HGS 

The crack propagation and toughening mechanisms for the HS2 
sample with HGS are illustrated in Fig. 13. Three colors are used in the 
schematic diagram in Fig. 13 to distinguish MGs (light pink), UFGs (light 
green) and NGs (red). Cr2N precipitates are marked in yellow. In the 
early stage (Fig. 13a), the crack does not extend and some plastic 
deformation is observed ahead of the crack tip. Even so, micro-voids 
already nucleate at the hard precipitates and the brittle interfaces be-
tween them and FCC matrix. With increasing applied stress, the crack tip 
is blunted significantly. In the plastic zone, severe plastic deformation 
provides intrinsic toughening ahead of the crack tip. As shown in 
Fig. 13b, abundant GNDs and SSDs are activated due to the 

heterogeneous structure, CSRO/CMROs, and severe lattice distortion. 
Their interaction supports strong intrinsic toughening near the crack tip. 
In addition, grain refinement near the crack tip also provides extra 
hardening. In summary, these mechanisms provide crack tip hardening, 
and restrain crack propagation. 

In addition to providing solid-solution hardening in the matrix, 
oversaturated nitrogen-atoms bonding with Cr-atoms form Cr2N pre-
cipitates as well [46,51]. Ahead of crack tip, the micron-sized pre-
cipitates act as potential nucleation points for voids (Fig. 7). Number of 
micro-voids at the precipitates increases, such that localized deforma-
tion bands form along the main crack and adjacent micro-voids. These 
Cr2N precipitates lead to early nucleation of micro-voids, which would 
reduce intrinsic toughness to some extent. Intrinsic toughening is 

Fig. 12. Strain field analysis near CSROs after deformation for the HS2 sample with the [112] zone axis. (a) HAADF image, the inset is the FFT image. Blue circles: 
FCC diffraction spots. Yellow circles: extra superlattice scattering by CSROs. (b) Overlapping the IFFT image of FCC matrix with CSROs. (c) GPA strain map after 
deformation. (d) Overlapping HAADF image on strain map in the rectangular box of (c). (e) The intensity distribution along the dashed line of (d). (f) EDS mapping of 
Cr and N elements. (For interpretation of the references to color in this figure legend, the reader is referred to the web version of this article.) 

Fig. 13. Schematic diagram of the crack propagation and toughening mechanisms for the HS2 sample with HGS. (a) Voids nucleate at the sites of Cr2N precipitates. 
(b) Crack tip blunting and strain hardening behaviors at the plastic zone. (c) Crack propagation towards voids at the sites of Cr2N precipitates. 
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important for the ductile metallic materials with low strength. While 
intrinsic toughening mechanisms become limited and the influence of 
extrinsic toughening becomes important for strong metals and alloys. 
The main crack converges with micro-voids and extends forward 
(Fig. 13c). Although these precipitates bear poor plastic deformation, 
and weaken the hardening of crack tip, they cause the reflection of crack 
propagation path when the main crack propagates toward adjacent 
micro-voids, considering that these precipitates are randomly distrib-
uted in the matrix. Moreover, some sub-cracks are also generated due to 
the existence of numerous micro-voids, which increases the energy 
dissipation during the main crack propagation. Therefore, besides the 
strain hardening near the crack tip, deflected crack path and additional 
crack branches can also provide extrinsic toughening to compensate for 
the loss of intrinsic toughness by precipitates. Both fraction and size of 
the Cr2N precipitates in HS1 and HS2 are very similar, so precipitates 
should have a similar effect on fracture toughness of HS1 and HS2. 

4.3. Effects of recrystallization degree on HDI hardening 

In this research, two kinds of heterogeneous structures are investi-
gated — HLS (HS1) and HGS (HS2). HS1 is a partial recrystallized 
structure with ~54% of retained DGs after annealing (Fig. 2), while HS2 
is almost complete recrystallized (Fig. 3). HS2 has a slightly lower 
σy (∼ 1.0 GPa), but a much higher εu (~24%) than HS1. HS2 shows a 
much higher KIC (~168 MPa⋅m1/2) than HS1(~91 MPa⋅m1/2). Consid-
ering that the fraction and size of the Cr2N precipitates in HS1 and HS2 
are very similar, and the degree of CSROs increases with decreasing 
annealing temperature [15,22], thus a slightly higher proportion of 
CSROs and stronger effect on the fracture toughness could be inferred in 
HS1. Since the HS2 sample has a higher fracture toughness, it should be 
concluded that recrystallization degree plays a more important role in 
the difference of toughness between HS1 and HS2. 

HS1 sample has a greater heterogeneity than HS2 sample due to 
significant strength difference between DGs and MGs. The statistical 
analysis of GNDs near the crack path is also conducted for HS1 in 
Fig. S7a-c. The average increment of GND density (ΔρGND) at the crack 
tip for recrystallization regions is calculated in Fig. S7d. HS1 has a higher 
ΔρGND than HS2 at HAGBs both in the UFGs and MGs, which indicates 
that HS1 has a stronger HDI hardening than HS2 at local hetero- 
interfaces. However, ~54% of deformed region is still reserved in the 
HS1 sample. The distribution of DGs in HS1 is more concentrated, thus 
the density of the hetero-interface (the length of hetero-interface per 
unit area) might be lower in HS1. We measured the density of the hetero- 
interface between MGs and DGs/UFGs/NGs, the hetero-interface density 
is 0.44 μm length per μm2 in HS1 (according to Fig. 2b), while is 1.14 μm 
length per μm2 in HS2 (according to Fig. 3d). Therefore, more hetero- 
interfaces in HS2 result in stronger HDI hardening at the macro scale. 
Moreover, HS2 has a higher volume fraction of MGs than HS1 prior to 
deformation, and dynamic grain refinement in MGs results in a HGS 
with even severer heterogeneity (Fig. S7e). Therefore, HS2 has a more 
sustaining HDI hardening and a blunter crack tip than HS1, which delays 
the crack propagation. 

5. Conclusions 

The fracture toughness of the CrCoNiN1.75 MEA at different strength 
levels was investigated. The results reveal that the strategy of hetero-
geneous design is very effective on enhancing the yield strength and the 
fracture toughness in MEAs. The toughness mechanisms were analyzed, 
and several conclusions can be drawn as follows:  

1) The heterogeneous structures show an improved strength-toughness 
synergy in the CrCoNiN1.75 MEA with a yield strength of above 1.0 
GPa. For HS2 with HGS, a fracture toughness of 168 MPa⋅m1/2 at a 
yield strength of about 1.0 GPa is observed. In comparison, for HS1 

with a HLS, a fracture toughness of 91 MPa⋅m1/2 at a yield strength of 
almost 1.3 GPa is obtained.  

2) The higher fracture toughness in the HS2 sample can be attributed to 
the larger plastic zone size (rc) and the higher hardening capacity 
(ΔHv) at the crack tip. Moreover, a positively linear relationship 

between JHv (JHv =

∫rp

0

ΔHvdr) and JIC is established. Therefore, the 

quantitative relationship between the work hardening behavior of 
the crack tip and the fracture toughness is provided.  

3) The superior fracture toughness in heterogeneous structure is related 
to the prominent HDI hardening. Strain incompatibility is observed 
between soft domains (MGs) and hard domains (NGs, UFGs or DGs), 
and GNDs generate near the interfaces to accommodate the strain 
gradient, which promotes additional HDI hardening at the plastic 
zone of the crack tip for higher fracture toughness. Meanwhile, dy-
namic grain refinement is observed near the crack path, which also 
provides extra hardening.  

4) CSRO/CMROs stably exist before and after fracture tests. CSRO/ 
CMROs can impede the motion of dislocations by interaction with 
moving dislocations, and thus improve hardening ability in the 
plastic zone.  

5) The Cr2N precipitates are potential nucleation sites for voids. These 
disorderly distributed precipitates ahead of the crack tip facilitate in 
deflecting crack path and induce crack branches, which provides 
extrinsic toughening to improve the fracture toughness. Our findings 
might promote the application of heterogeneous structures in other 
metals and alloys to achieve both high strength and high toughness. 
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